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In the present study, creep flow and damage behaviour of modified P91 steel weldments are investigat-
ed. Premature creep failure of weldments (with respect to base metal) occurs in the intercritical heat affect-
ed zone (ICHAZ). This microstructure is reproduced by thermal simulation applied to blanks cut from the
base metal. Metallurgical investigations of what happens during the welding cycle show that the weakest
part of the heat affected zone is heated slightly below complete austenitisation, with little (if any) carbide
dissolution. During the post-weld heat treatment, extensive recovery is allowed by carbide coarsening. The
intrinsic creep behaviour of the resulting microstructure is experimentally determined under controlled con-
straint conditions. The welding cycle strongly decreases the creep strength by increasing the creep strain
rate, but not necessarily by decreasing the ductility, at least for lifetimes up to 3500 h.

KEY WORDS: 9Cr1Mo-NbV martensitic steel; intercritical heat affected zone; Gleeble 1500 thermal-
mechanical simulator; High temperature creep flow and damage.

1. Introduction

9Cr1Mo—NbV martensitic steels are candidates as struc-
tural materials for supercritical and ultra-supercritical
power plants. They exhibit suitable weldability” due to
good thermal conductivity and low thermal expansion but
welding of high thickness components is still rather diffi-
cult. Therefore, low input energy levels, <2200 Jmm ™', are
generally required.? In addition, the welding operation
leads to the modification of the base metal microstructure
in the so-called heat affected zone (HAZ). Thermal cycles
experienced in the HAZ are usually characterised by a peak
temperature, 7,.,, and a cooling time between 800°C and
500°C, Atgyo_,s00- They lead locally to phase transforma-
tions so that the HAZ in these steels is classically divided
into three main areas:

1. The coarse grained heat affected zone (CGHAZ) ex-
hibits a higher former austenite (y) grain size (7}, =>
Acy).

2. The fine grained heat affected zone (FGHAZ) exhibits
a small former austenite grain size, as 7T, is just
above Ac;.

3. The intercritical heat affected zone (ICHAZ) corre-
sponds to Ac,<T,.,<Ac;. In this area, the a—y
phase transformation only partially proceeds during the
thermal cycle.

Just near the HAZ, the over-tempered base metal area
corresponds to 7)., just below Ac, which leads to over-
ageing of the base metal.”)

The microstructural changes in the HAZ are of great im-
portance, as the creep strength of the weldment is lower

than that of the base metal and this is attributed to the HAZ,
where creep failure occurs. The HAZ area which governs
the creep failure has already been identified. A fracture
mechanism map has been proposed,” where the evolution
of damage mechanism in weldments from intragranular to
intergranular fracture is represented. These results are to be
confirmed by the present study. Premature failure of weld-
ments could be related to two phenomena:

1. There is a weakness in the weldment, linked to the
lower creep strength of the HAZ: this is a metallurgical
problem.

2. The microstructural heterogeneity obviously leads to
complex loading states and constraint effects: this is a
mechanical problem.

The present study is concerned with the first point i.e. de-
termining the intrinsic creep flow and damage properties of
the weakest HAZ. To do so, special attention was focused
on avoiding constraint effects induced by microstructural
heterogeneity. A method to represent several microstructur-
al states of the HAZ with thermal simulations was first vali-
dated using various metallurgical investigation techniques.
Then, a welding thermal cycle corresponding to the weak-
est HAZ was chosen, allowing to machine various kinds of
specimens having the same microstructure as the weakest
HAZ. All specimens were notched, in order to localise
loading in the microstructure under interest, with controlled
constraint effects due to the notch geometry only. This
point is especially important as in previous studies,>® uni-
axial creep tests were carried out on smooth specimens so
that several microstructures were tested at the same time;
due to the microstructural inhomogeneity, the loading state
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Table 1. Chemical compositions of base and filler metals (wt%).
C[si|[Man] P [ s [Aal|]Cc [ Ni|[Mo|] V| Nb|[ N[ Cu
Base Metal | 0.09 | 0.31 | 041 | 0.014 | 0.005 | 0.016 | 856 | 0.26 | 0.92 | 0.21 [0.065 | 0.042 | /
Filler Metal | 0.09 | 0.37 | 041 [0.028 [0.013 | 0.07 | 844 [ 027 [ 092 [ 024 | / [0.038] 0.04
in the microstructure of interest was not known, just as for 1100
cross-weld specimens. The key point of the present study is 1050 e ac
thus to determine the properties of the weakest HAZ while .
eliminating, as much as possible, the constraint effects due o
to the surrounding materials. E o8 . o Ac
i 900 - .
g - .
2. Material and Experimental Procedures e 850 * o,
2.1. Materials 500
The study focuses on a V-shaped, circumferentially weld- 50
ed joint of two pipes of 295mm in outer diameter and 700
55 mm in thickness. It was fabricated by submerged metal 1 L0 100 1000
arc welding in seventeen runs followed by a post weld heat Heating rate (*C )
treatment (PWHT) of 2h at 760°C. The base metal is a Fig. 1. Effect of the heating rates on Ac, and Ac, temperatures

tempered, modified P91 martensitic steel (see Table 1 for
chemical composition). Its microstructure consists of lath
martensite packets with M,;C¢ (100nm in mean size) and
MX precipitates. The filler metal has nearly the same chem-
ical composition as the base metal (Table 1).

2.2. Simulation of Welding Thermal Cycles

Welding thermal cycles were applied by using a Gleeble
1500 thermal-mechanical simulator capable of heating
specimens by Joule effect at very high heating rates, corre-
sponding to those encountered in welding conditions (i.e.
100 to 250°C-s~"). The temperature is controlled by a ther-
mocouple spot welded onto the specimen surface. Round
bars of 5 mm in diameter were used to optimise the thermal
cycle and 12 mm round blanks were treated and used to ma-
chine mechanical testing specimens respectively. For each
of these two geometries, the closed-loop parameters of the
Gleeble 1500 simulator were carefully adjusted in order to
ensure an uncertainty lower than 2°C for the value of 7).,
and smaller than 1s for the value of the cooling parameter
Atgyo_ys500- For specimens of 5mm in diameter, phase trans-
formations were continuously monitored using in-situ
dilatometric measurement of the specimen diameter. To
prevent from extensive oxidation of the specimen, heat
treatments were performed under primary vacuum (0.1 Pa).
Phase transformations monitoring is of highest importance,
as both austenite start and end transformation temperatures
(respectively Ac, and Ac,) and the properties of the austen-
ite phase strongly depend on the heating rate.” In the pre-
sent study, when increasing the heating rate from 5 to
200°Cs™!, Ac, and Ac, temperatures increase by more than
150°C (Fig. 1). Moreover, the temperature range of the in-
tercritical domain (i.e. Ac;—Ac,) also increases from 25°C
to 100°C. In the following, Ac, and Ac, temperatures are
thus mentioned according to the corresponding heating
rate.

2.3. Mechanical Tests

Creep tests on cross-weld specimens were carried out on
smooth round tensile bars (SC specimens) cut along the
axial direction of the pipe with a gauge length of 36 mm
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(dilatometry, the accuracy of the measured temperatures
is £5°C).

and a gauge diameter of 5mm. The specimens were ma-
chined so that the base metal, the HAZ and the weld metal
could be tested at the same time. These tests allowed to
evaluate the difference in creep lifetime between the base
metal and the weldment and to determine the rupture loca-
tion in weldments.

Creep tests were also carried out on simulated HAZ mi-
crostructures. To do so, the round blanks of 12 mm in diam-
eter were first applied the weld thermal cycle corresponding
to the weakest HAZ (see Sec. 5.3) followed by the actual
PWHT i.e. 760°C for 2 h. From Vickers hardness measure-
ments and for the chosen operating conditions, the Gleeble
heat treatment is homogenous within a 7 mm wide area cen-
tred on the thermocouple. Therefore, creep and tensile
specimens were notched to localise stress and strain in the
centre of the thermally treated area. To determine tensile
and creep flow properties of the simulated HAZ, a smooth-
ly notched tensile specimen (NT) was designed with a max-
imum diameter of 4 mm, a minimum diameter of 3 mm and
a notch radius of 5mm and a creep specimen (NC5.0) was
designed with a maximum diameter of 6 mm, a minimum
diameter of 3 mm and a notch radius of 5mm. All creep
tests on NC5.0 specimens were performed until failure ex-
cept for one complementary test with load varying with
steps (50 MPa, 60 MPa and 70 MPa), which allowed to in-
vestigate creep flow properties in the low stress creep
regime.

As the stress triaxiality ratio, i.e. the ratio between the
local hydrostatic pressure and the local von Mises equiva-
lent stress, may play a key role in damage mechanisms, two
other types of round U-notched specimens (NC4.0, NC1.2)
with a maximum diameter of 6 mm, a minimum diameter of
3 mm and a notch radius of respectively 4 mm and 1.2 mm,
were designed. Two types of round V-notched bars
(NCO0.25), which allow to obtain stable crack propagation
and to test the effect of an even higher triaxiality ratio, were
also used. The first and second types NCO0.25-1 (respective-
ly NC0.25-2) have a maximum diameter of 8 mm, a mini-
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mum diameter of 5mm (resp. 4 mm) and a notch radius of
0.25 mm.

All creep tests were carried out at 625°C (898 K) for up
to 10000 h under constant applied load in controlled labo-
ratory atmosphere (20°C=2°C and 50% relative humidity).
The load was applied using dead weights for SC specimens
and using an electrical mechanical testing machine for NT
and NC specimens. The temperature was monitored using
three thermocouples spot welded onto the specimen sur-
face; the temperature gradient between top and bottom ends
did not exceed 2°C. The total elongation was continuously
measured by a linear variable differential transducer with a
sensitivity of 1 ym.

2.4. Metallurgical Investigations

Light optical observations after Villela etching and scan-
ning electron microscopy (SEM) investigations using
backscattered electron (BSE) imaging after colloidal silica
polishing were carried out. The precipitation state was char-
acterised using the carbon extraction replica technique to
determine both the size distribution (by image analysis) and
the chemical composition of precipitates (by using X-Ray
energy dispersive spectroscopy (EDS)) in a Zeiss DSM 982
SEM equipped with a field emission gun (FEG-SEM).
Transmission electron microscopy (TEM) investigations
were performed in a 200kV JEOL 2000FX microscope.
Thin foils were prepared by mechanical polishing followed
by double jet electrolytic thinning. A 45% butoxyethanol,
45% acetic acid and 10% perchloric acid solution was used
at 0°C under 40 V. Electron backscatter diffraction (EBSD)
analysis was conducted in the FEG-SEM at 20kV with the
specimen tilted by 70° after polishing with colloidal silica.
It allows to quantitatively investigate the microstructural
state and the evolution of grain boundary misorientations
over large areas.

X-Ray diffraction 6-20 spectra were collected at room
temperature in the range (260)=96° to 126° by steps of
0.032° with a counting time of 0.6s per step. A diffrac-
tometer with Co-K, radiation having a wavelength of
0.1788nm and a Fe-Kj filter were used together with an
entry slit of 0.3° and a linear detector of type Elphyse,
which was calibrated using silicon as a reference sample.

3. Simulation of HAZ Microstructures and Determi-
nation of Conditions to Reproduce the Weakest
HAZ of the Welded Joints

The thermal cycles experienced in the HAZ were first
modelled to determine the thermal cycles to apply on labo-
ratory specimens in the thermal-mechanical simulator.
Then, specimens were treated with various weld thermal
cycles in order to validate the thermal model parameters, by
comparison with real microstructures. Both results of creep
tests on cross-weld specimens and metallurgical investiga-
tions of thermally treated specimens were used to deter-
mine the thermal cycle corresponding to the weakest HAZ.

3.1. Modelling the Welding Thermal Cycles

The calculations of welding thermal cycles were based
on the Rosenthal model of thermal dissipation® specifically
designed for the case of arc welding and later simplified by

Table 2. Physical constants and welding parameters for the
thermal model.

Thermal conductivity I'=28 Wm"'K"! (at 250°C)

Heat input energy H=1296 Jmm!
Arc displacement rate va =2.6.10° ms’.
Preheat temperature To= 250 °C

Thickness of the component | w =55 mm

Cooling parameter Atsoo_50=16 s

Heat source position 4.5 mm from the fusion line

and 10 mm under the top surface

Table 3. Heat cycles performed.

Distance from Peak Heating Specificity

the fusion line | temp. rate
1.50 mm 1200°C [ 218°Cs! Ac3< Tpeak
2.00 mm 1128°C [ 204°Cs! Ac3< Tpeak
2.50 mm 1056°C | 181°Cs’! Ac = Tpeak
3.00 mm 995°C 158°C s | Ac< Tpeak < Acs
3.25 mm 986°C 155°C s | Aci< Tpeak < A3
3.50 mm 960°C | 152°Cs! | Aci<Tpeak < A
3.75 mm 936°C 148°C s! | Aci< Tpeak < Acs
4.00 mm 911°C 128°Cs! | Aci< Tpeak < Acs
4.15 mm 885°C 126°Cs! | Aci< Tpeak < Acs
4.20 mm 877°C 124°C s’ Tpeak < Act
4.50 mm 860°C | 121°Cs! Tpeak < Act

Rykalin.” This model does not allow to represent the ef-
fects of multiple runs but was chosen for its simplicity and
by assuming that for a given run, the following one only
acts as a short term tempering treatment. As previously
shown,'” a three dimensional formulation must be used be-
cause of the 55 mm thickness of the pipe.

The model postulates that the heat input energy is mainly
dissipated by conduction. The annealing time at 7., is
very short (typically<2s). The cooling parameter Atgy,_, 50
mainly depends on the heat input energy and little on 7},
and its value does not strongly affect the austenite to
martensite phase transformation, thus, it was set constant.
Material constants shown in Table 2 were taken from Refs.
11), 12). Other parameters, such as the arc displacement
rate, the preheat temperature and the heat input energy (tak-
ing into account the efficiency of the process) are given by
the process. Only one parameter had to be experimentally
determined: the location of the heat source. It was evaluated
by microstructural observation of the weld metal, as the
columnar solidification grains had grown along the direc-
tion of the thermal gradient. Note that the cooling parame-
ter Atgg_,500 does not exceed 31s, in order to avoid forma-
tion of primary ferrite.”

3.2. Comparison between Real and Simulated HAZs

The ability of the thermal model to be used to reproduce
various microstructural states of the HAZ was investigated.
Several treatments were calculated using the above model
and then applied to round bars to simulate the thermal cy-
cles experienced by the material at various distances from
the fusion line and involving heating in the &, o+7 and ¥
temperature ranges. For every thermal cycle of Table 3,
two specimens were heat treated and one of them was then
given the PWHT of 2h at 760°C for comparison with the
actual welded joint. Thus, the properties of the simulated
microstructures could be evaluated both before and after
PWHT. Vickers hardness values of the simulated, PWHT-
tempered microstructures are very close to those measured

© 2005 ISIJ
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Fig. 2. Hardness comparison after PWHT: full symbols=welded
joints and open symbols=simulated HAZ.

in corresponding areas of the tempered weldment (Fig. 2).
Therefore, it was assumed that the distance to the fusion
line is a relevant parameter to evaluate, by using the model,
the thermal cycle locally experienced by the HAZ mi-
crostructure.

Microstructure of the Matrix after the Simulated
Welding Cycle

The phase transformations were first investigated during
heating and cooling by using the dilatometry results. The
values of Ac, and Ac, were determined as a function of the
heating rate with an accuracy of +5°C (Fig. 1). Two phase
transformations were evidenced on all cooling curves, lead-
ing to the definition of two M, temperatures M, and M,
(Figs. 3 and 4). This phenomenon had already been ob-
served'? in a 0.3C—13Cr steel and attributed to the inhomo-
geneity in the austenite phase due to partial dissolution of
carbides during heating, i.e., the matrix is locally enriched
in carbon and chromium atoms that are released by dis-
solved precipitates.

From Table 3, among all performed heat cycles, those
with 885°C=T, ., <1056°C correspond to intercritical
heating. This was confirmed by hardness measurements in
the as-welded condition as shown in Fig. 5, where the hard-
ness abruptly increases for these thermal cycles, due to
martensite freshly formed during cooling of the partially
transformed austenite. A rule of mixtures was used to cal-
culate the percentage of martensite both transformed during
heating and formed between the two M, temperatures.
Figure 3 confirms that the ov— ¥ phase transformation be-
gins for weld thermal cycles with T, slightly below
900°C and is nearly complete for 7., reaching 1100°C.
These results are consistent with a previous study'® show-
ing that 80% of the a— 7y phase transformation has pro-
ceeded for 7., =920°C for a comparable value of the heat-
ing rate (see Table 3). Figure 3 also shows that the percent-
age of martensite transformation between M, and M,
reaches a maximum value of 20% for 7}, around 1 000°C.

Freshly formed martensite could not be distinguished
from untransformed martensite by SEM investigations,
even in the as welded condition, so that dilatometric results
could not be confirmed by direct observations. No retained
austenite between the martensite laths'>'® could be evi-

3.2.1.
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denced here by either high resolution SEM investigations or
X-Ray diffraction analysis.

The evolution of M;; and M, versus T, is plotted in
Fig. 4. The increase in the values of M with 7, can be at-
tributed to easier nucleation (due to more numerous austen-
ite grain boundaries) but also, and more probably, to a
lower carbon content in the solid solution.'” When decreas-
ing the carbon content from 0.16 to 0.002 wt% in a 9Cr3W
steel, the martensite start temperature increases by

100°C."® Here, the maximum variation between M, and
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M, occurs for 7., =990°C. For T, =1200°C the aver-
age value of M, is nearly the same as that of the base metal.
The shape of the M; vs. T}, curves for T}, in the intercrit-
ical domain is difficult to explain, as both the oc— ¥y phase
transformation and the dissolution of M,,C, carbides are
only partial. Thus, for a better understanding, the evolution
of the precipitation state during welding thermal cycles was

also investigated.

3.2.2. Evolution of Precipitates during the Simulated
Welding Cycle

Two types of carbides, MX and M,;C, were observed in
the initial state. In the present study, the evolution of MX
(namely, V(C,N) and Nb(C, N)) precipitates in the simulat-
ed and tempered microstructures was not investigated.
However, it can be assumed that in the ICHAZ, primary
MX stay during weld thermal cycles as their dissolution
temperature is higher than 1 100°C.>') For intercritical heat
treatments of Table 3, both the peak temperature lower than
of 1100°C and the high heating rate do not allow dissolu-
tion of these precipitates. During the rapid thermal cycle,
primary MX precipitates could only grow or coarsen a lit-
tle.?” Finer MX precipitates were already globular and in-
coherent with the matrix in the base metal, so that no spher-
oidisation was expected to occur during the thermal cycle.®

Carbide dissolution during heating is not well under-
stood. Several authors®'?» considered that the dissolution
of M,,C, carbides only occurs after the main part of the
a—y phase transformation has proceeded. Others® pro-
posed a slightly different dissolution sequence for Fe—Cr—
Mo steels with high C and Mo contents. In fact, the dissolu-
tion sequence of M,,C, carbides strongly depends on the
chemical composition. Here, the occurrence of carbide dis-
solution with respect to the az— ¥ phase transformation was
experimentally investigated by looking at hardness values
of simulated microstructures before PWHT (Fig. 5) more
closely. A small drop in hardness for 7)., ~990°C is evi-
denced. It does not correspond to the presence of retained
austenite. Following the previous work of Sanderson,?® it
could possibly be related to carbide dissolution. To try to
confirm this, the amount of carbon dissolved in the marten-
sitic matrix in the as-welded condition was investigated by
X-Ray diffraction. The martensite tetragonality strongly de-
pends on the carbon content in the solid solution. A classi-

cally used relationship for the binary Fe—C system?®’?¥ is:
c
— =1.000 + 0.045[Clgg +-rervererrererreren (1)
a

where ¢ and a are the martensite lattice parameters and
[C], is the carbon content in the martensite solid solution
in mass%. However, despite the high accuracy of the mea-
surements (better than 0.001 nm), the change in the lattice
parameters due to the tetragonality of martensite was pre-
sumably lower than the detection limit.

On the other hand, the lower M, temperature (M,,) starts
to be lower than the M, temperature of the base metal itself
for peak temperatures higher than about 1 000°C (Fig. 4).
This suggests that some carbides could start to dissolve into
austenite for higher peak temperatures. This result is con-
sistent with literature data®>” obtained by TEM measure-
ments of the carbide lattice parameters together with mass

conservation, showing that in such thermal conditions, sig-

nificant dissolution of carbides only starts for peak temper-

atures higher than 1000°C. This slow dissolution of car-
bides is due to the fast heating and cooling rates in the weld
thermal cycles and to carbon trapping in MX precipitates.

From the investigations presented above one can con-
clude that:

1. The weld thermal cycles whose peak temperature:
885°C<T . <1056°C are intercritical treatments.

2. M,,C, carbides probably start to dissolve significantly
for 7., >1000°C but part of the martensite resulting
from the y— o transformation after heating at
T o<1 000°C still exhibits a strong lack in carbon.

3. In the conditions of the weld thermal cycles, the prima-
ry MX carbides do not dissolve, at least for

Tea1 100°C and probably little grow or coarsen.

3.2.3. Effects of the PWHT

Several studies of the base metal have shown that the mi-
crostructural stability of 9CrlMo—NbV steels, especially
under high temperature ageing and creep conditions,
strongly depends on the pinning of dislocations and grain
boundaries by a fine distribution of carbides.’' % Both a
large carbide size and a low carbon content promote rapid
softening of martensite during a high temperature temper-
ing treatment.>>

The hardness profile of Fig. 2 shows that in the CGHAZ
(i.e. between 1 and 2 mm far from the fusion line), the hard-
ness is rather high (20 points higher than that of the base
metal) as the precipitation of new strengthening carbides
occurs during the PWHT, and as the base metal is actually
given two tempering treatments whereas the CGHAZ is
given only one, namely, the PWHT.

On the contrary, in the ICHAZ (i.e. between 3 and 4 mm
far from the fusion line), the hardness is lower by 20 points
than that of the base metal, which indicates softening of the
material, attributed to lath martensite recovery®® or to pre-
cipitate growth.?” Both phenomena are closely related due
to the pinning effect of carbides.”’ SEM investigations per-
formed both on our as-simulated and tempered microstruc-
tures confirmed that extensive lath recovery occurs during
the PWHT for weld thermal cycles with a peak temperature
ranging from 880°C to 1050°C i.e. for intercritically treat-
ed microstructures. This is consistent with observations in
the corresponding areas of the welded joint.

The evolution of precipitates was also investigated.
Carbon extraction replicas were analysed for the simulated
and tempered microstructures and the corresponding zones
of the weldment. The comparison of precipitate size distrib-
utions evidenced a difference of only 10 to 20 nm in the av-
erage size of M,;C, carbides between simulated and real
microstructures. The mean size of carbides after PWHT is
larger than 200 nm in the ICHAZ, i.e. twice the size mea-
sured in the base metal. The evolution of M,,C, carbide
population observed in the present study is consistent with
previous results'® showing that when the carbon content is
lowered, the M,;C, carbides exhibit a larger size and are
less in number. Extensive lath recovery probably results
from a lack in dissolved carbon and from rapid coarsening
of the M,;C, carbides not dissolved during the weld ther-
mal cycle.

© 2005 ISIJ
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not given, thermal treatment are probably performed in conventional furnaces).

Ref. Peak temperature Heating rate Cooling rate PWHT
37 850-1000°C 60-70°C s 15-90°C s'! 2.2h-740°C
38 940°C Not given Not given 4.0 h -774°C
39 900 - 960°C 150°C s™! Atsoo_y500 =21 s 12.0 h - 730°C
40 850 °C Furnace (heating in 6 minutes and dwell of 5 | 12.0 h—730°C
minutes followed by air cooling)
6 900 °C 270°C s Atsoo_500 =30 s 8.5 h —740°C
5 900 - 1100°C Not given Atsoo_y500 =10 s 1.0 h - 750°C
42 900 —1000°C Not given Not given 2.0 h -760°C
41,43 920°C 4°Cs! Not given 4.5h-740°C
44 850°C Furnace (dwell of 20 minutes 2.0 h-760°C
followed by air cooling)

The PWHT temperature plays a key role in martensite re-
covery. An alternative PWHT of 2h at 600°C was per-
formed on several as-simulated ICHAZ microstructures. In
all cases, SEM investigations and hardness measurements
revealed that lath martensite had not softened during that
alternative PWHT, consistently with literature data.'>

3.3. Choice of a Weld Thermal Cycle

Many authors performed heat treatments in order to re-
produce the weakest microstructure of the HAZ, using ei-
ther a conventional furnace or a welding simulator (Table
4). Most of them chose a thermal cycle corresponding to an
intercritical treatment, i.e. on a purely metallurgical basis.
However, Tsuchida et al.® and Otoguro et al.¥ carried out
high temperature creep tests on several simulated mi-
crostructures to determine which one had the lowest creep
strength. The need to superimpose a mechanical loading on
the weld thermal cycle simulation to promote martensite
softening during PWHT has already been addressed*; the
authors found that final microstructures obtained by a ther-
mal treatment under stress near Ac, and a stress free ther-
mal treatment near Ac;, respectively, were similar.

In the present study, the weld thermal cycle correspond-
ing to the weakest HAZ was chosen using both metallurgi-
cal criteria and a geometrical-mechanical criterion (location
of rupture in cross-weld specimens, characterised by the
initial distance of the involved microstructure to the fusion
line), as it was shown in Sec. 3.2 that the thermal model
well reproduces the corresponding zone in the real weld-
ment.

First, creep tests on cross-weld SC specimens were car-
ried out. The initial values of engineering stresses ranged
from 100 to 50 MPa (corresponding to lifetimes from 300 h
to 10000h), and from 120 to 90 MPa (corresponding to
lifetimes from 800 to 7000h) for the weldment and the
base metal, respectively. Creep results of the present study
are consistent with literature data® The creep lifetime of the
weldment is more than ten times lower than that of the base
metal for a given applied engineering stress (e.g. 300h vs.
3500h under 100 MPa), which corresponds to a decrease
in creep strength by 30%. Cross-sectional SEM investiga-
tions of weldment specimens evidenced that rupture occurs
in the ICHAZ near the base metal (i.e. more than 2.5 mm
far from the fusion line, see Fig. 2) parallel to the fusion
line (type IV rupture). Damage is mainly located in the
ICHAZ (i.e. over a distance of 2 mm) but cavities are also
detected in all the HAZ and in the over-tempered base
metal. Similar observations are reported in the temperature
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range 575-650°C.**4% Therefore, it is assumed that the
thermal cycle corresponding to the weakest HAZ is charac-
terised by a peak temperature: 885°C<T|.,<1060°C (i.e.
in the intercritical domain).

The choice of one of the intercritical cycles was based on
metallurgical considerations. Second phase particles have a
pinning effect on grain boundaries and dislocations. So,
M,,C, carbide coarsening and changes in MX precipitation
behaviour in the freshly formed martensite’®?® promote
faster kinetics of creep recovery. Large carbides are also
likely to be preferential sites for creep cavity nucleation as
already evidenced for the base metal.*” Taking into account
the results of the previous section, the weld thermal cycle
was chosen as the cycle for which the ov— y phase transfor-
mation is almost completed, while dissolution of M,,C, has
not yet occurred during heating. The characteristics corre-
sponding to this cycle are given in Table 3.

The chosen peak temperature of 986°C is slightly higher
than the literature values given in Table 4. Note, however,
that Otoguro et al.” showed that the weakest simulated mi-
crostructure was that with 7., =900°C for short term creep
tests and that with 7., =1000°C for long term creep tests.
Matsui et al.* also showed that the weld thermal cycle cor-
responding to the weakest HAZ exhibits a peak temperature
just below Ac;.

eak

3.4. Metallurgical Validation of the Chosen Thermal
Cycle

The TEM comparison between simulated and real mi-
crostructures for the chosen cycle is shown in Fig. 6. The
two microstructures exhibit the same characteristics in
terms of matrix morphology (i.e. low dislocation density
and small equiaxed grains) and precipitation state. These
observations were confirmed by EBSD analysis showing
the size and morphology of grains (see Fig. 7). The grain
boundary misorientation distribution, which plays a signifi-
cant role in the creep behaviour, is dominated in both mi-
crostructures by low angle boundaries (misorientations be-
tween 5° and 15°). This is consistent with the occurrence of
lath recovery during the PWHT. It will be shown in the fol-
lowing section that creep damage mechanisms of real and
simulated HAZ microstructures are also similar.

4. Tensile, Creep Flow and Damage Properties of the
Simulated ICHAZ Microstructure at 625°C

4.1. Tensile Properties at 625°C
Stress—strain curves show a strong strain rate effect on
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Fig. 6. Thin foil TEM investigations: Comparison of real and
simulated intercritical heat affected zone (7, =986°C)
microstructures (bright field images).

20.00 ym

Fig. 7. EBSD investigations of (a) real and (b) simulated inter-
critical heat affected zones (7, =986°C).
White (resp. black) lines delineate low angle (5-15°)
boundaries (resp. high-angle boundaries >15°).

the yield strength, but not on work hardening. The yield
stress is 325 MPa at 5.103s™!, 280 MPa at 5.10 *s™! and
225MPa at 5.107°s~!. The tensile strength is 375 MPa at
5.1073s7L, 330MPa at 5.107*s™! and 265MPa at
5.1073s™!. Whatever the strain rate, tensile curves exhibit-
ed a very low homogeneous elongation (<1%) before the
onset of softening. Cross-section SEM examinations of the
specimens with BSE channelling contrast and EBSD analy-
sis showed strong modifications of the microstructure by
dynamic recrystallisation, with highly misoriented grains of
only a few hundreds of nanometers in mean size in the
necking area. These results are similar to those obtained
with the base metal.*®)

4.2. Creep flow properties at 625°C
Creep stress levels for NC5.0 specimens were set from
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Fig. 8. Normalised steady state strain rate versus applied engi-
neering stress.
(Open symbols=one test per load level, full symbols=

multiple-steps test.)

130 to 70 MPa corresponding to creep lifetimes ranging be-

tween 150h and 3500h. In addition, steady state creep

strain rates at 50, 60, and 70 MPa were determined from the

complementary test. The results of both kinds of tests at

70 MPa are nearly indistinguishable. Interpretation of these

tests is not straightforward, as the notch induces multi-axial

loading conditions. It requires inverse analysis by means of
finite element calculations to determine the flow behaviour
in a rigorous manner, which is out of scope of the present
study. Here, the aim was to use a more simple representa-
tion to describe creep flow and damage behaviour of the
ICHAZ. To do so, the concept of reference length, intro-
duced by Yoshida*” and Piques,”” was used. It was as-
sumed that deformation only occurs in the notched area
over a length: [ (=1 .., where [ ., =6mm for NC5.0 spec-
imens. Therefore, overall steady state strain rates were eval-
uated with €é=Al/l; and plotted versus the applied engi-
neering stress (Fig. 8). Two creep flow regimes can be iden-
tified, with a transition value for stress of about 80 MPa. In
both regimes, the steady-state creep flow behaviour was
represented using a Norton power-law, ¢ being the applied
engineering stress and & the steady-state strain rate:

The values of coefficients B and » were determined in both

regimes:

1. For 0>70 MPa, deformation probably proceeds by dis-
location climb or cross-slip with #=9.5 and B=2.13-
107*h™' MPa ™",

2. For 0<70MPa, deformation probably proceeds by
grain boundary diffusion with »=1.6 and B=5.75-
107" h™'MPa 'S

In the two creep regimes, the steady-state creep strain
rates of the simulated ICHAZ are more than ten times high-
er than those encountered in the base metal >
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Fig. 9. Comparison of creep experiments on simulated ICHAZ
at 625°C (NCS5.0 specimens=open squares) with results
from literature (smooth specimens).
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Fig. 10. Steady state strain rate versus time to failure for the
simulated heat affected zone.

4.3. Creep Fracture Properties

The experimental lifetime results of the present work are
in good agreement with literature (Fig. 9). Literature data
correspond to creep tests on smooth round specimens,
which could explain that the results of the present study ev-
idence a slightly better creep strength of the simulated HAZ
due to the notch strengthening effect. To describe the creep
fracture behaviour of the simulated ICHAZ, a Monkman—
Grant (MG) relationship was used:

E7 10 = Cpts wovveeeeeeesessseseseseee 3)

where m and C,,; are material parameters fitted in the high
stress creep regime with m=0.8 and C,,;=0.28h"%, as no
rupture data was available for the low stress creep regime.
Using the concept of /., a unique MG fit can predict creep
failure for all kinds of specimen geometry (Fig. 10). Thus,
the notch does not significantly affect the material ductility
at least in the stress range experimentally investigated.
Assuming that the material ductility remains constant, the
MG fit was plotted in both high and low stress creep
regimes (Fig. 11). Comparison with results on weldments
(SC specimens) shows that predictions are in rather good
agreement with experiments. MG predictions are a little op-
timistic in the high stress regime in comparison with tests
on SC specimens (due to the notch strengthening effect) but
are, on the contrary, conservative in the low stress regime.
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Fig. 11. Applied engineering stress versus creep time to failure
for SC (cross-weld) and NC (simulated HAZ) speci-
mens.

Fig. 12. EBSD maps of the damaged area of: (a) weldment (b)
simulated HAZ specimens. Cavities are in black.
White (resp. black) lines delineate low angle (5-15°)
boundaries (resp. high-angle boundaries >15°).

The evolution of the creep time to failure with stress is
plotted in Fig. 11 for all specimens. A notch strengthening
effect is evidenced for notch radii ranging from 5.0 to 1.2
mm. Note, however, that the strengthening effect is more
limited between NC1.2 and NCO0.25 specimens. Here, the
high stress triaxiality ratio starts to markedly influence de-
formation and damage processes. In fact, the notch has a
strengthening effect but it also shifts the transition between
high and low stress creep regimes towards shorter creep
lifetimes.*¥

4.4. Damage Mechanisms

Comparison between EBSD maps without creep (Fig. 7)
and after creep (Fig. 12) shows that in both simulated and
real HAZ microstructures, the fraction of high angle grain
boundaries increases during creep. This indicates that even
if the initial microstructure is totally recovered, softening
further occurs during creep tests, possibly by recrystallisa-
tion.
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10 um
—

Fig. 13. Cross-section SEM observations of damage in specimens (a) weldment (b) simulated HAZ.
(Cavities in black and loading direction along the vertical axis.)

Cross-sections of creep fractured specimens (Fig. 13)
show that similar damage mechanisms are encountered in
weldments and in the simulated ICHAZ. This is confirmed
by EBSD analysis (Fig. 12): in both materials, cavities
mainly develop at high angle grain boundaries. They nucle-
ate especially at grain boundary second phase particles
such as Laves phases and M,,C, particles. Observations of
carbon extraction replicas and EDS analysis performed in
the FEG-SEM revealed the presence of numerous Laves
phases larger than 300nm. In both real and simulated
ICHAZ microstructures, these precipitates largely promote
cavity nucleation. The role of diffusion in cavity growth is
predominant, which can be explained by a creep flow rate
in the diffusion creep regime ten times faster in the simulat-
ed ICHAZ than in the base metal.

Both creep curves and damage investigations in notched
simulated ICHAZ specimens can now be used to build,
using inverse analysis with finite element simulation, a con-
stitutive model coupling creep flow and damage as has al-
ready been done for the base metal.*® This is the subject of
a forthcoming paper.*?

5. Conclusions

In the present study, attention was focused on determin-
ing the creep flow and damage properties of the weakest
zone of 9Cr1Mo—NbV steel weldments using various kinds
of specimen geometry and multi-scale metallurgical investi-
gations. The following conclusions can be drawn:

(1) 9CrIMo-NbV weldments exhibit a strong drop in
creep strength in comparison with the base metal. This drop
is attributed to the lower creep strength of the ICHAZ.

(2) A thermal model was fitted and used to satisfactori-
ly represent various microstructural areas of the HAZ. A
weld thermal cycle leading to the formation of a mi-
crostructure having the same properties as the weakest
HAZ was identified based on both metallurgical and me-
chanical investigations. The peak temperature (986°C) of
this thermal treatment is in the upper bound of the intercrit-
ical domain, for the chosen heating rate of 155°C s .

(3) Mechanical tests on the simulated microstructure,
with controlled stress triaxiality effects, show that the
ICHAZ intrinsically exhibits a higher creep rate responsible
for its creep strength being lower than that of the base
metal.
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