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It is well known that the presence of continuous fibres in SiC/Ti composites leads to a high
mechanical anisotropy of the composite between the longitudinal and the two transverse
directions. But it is also possible that the crystallographic texture of the matrix may lead to a
non-negligible anisotropy of the mechanical properties of the composite. The crystallographic
orientation of the matrix grains was determined using the Electron BackScattering Diffraction
technique. A local texture of the matrix of the composite is thus evidenced. Finite Element
calculations are used to determine the stress field in the matrix resulting from an applied
transverse loading. The representative mechanical quantities thus determined are discussed in
relation with the fundamental mechanisms of plastic deformation of the matrix. Finally, the
crystallographic texture of the matrix of the composite is taken into account in the numerical
modellings using a three-scale model that combines crystal plasticity, a polycrystalline aggre-
gate model and a periodic homogenization through a Finite Element unit cell for the composite
analysis.
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1. Introduction

Gas turbine engines can be improved by reducing the weight of the rotating com-
ponents. Due to their high temperature capabilities and good mechanical properties
in the fibre direction, unidirectional SiC/Ti composites are good candidates for the
manufacture of integrally bladed compressor rings, with potential weight savings up
to 50% (Mall et al., 1998). However, significant triaxial stresses being generated in
the rotating disc, knowledge of the transverse properties, often weak in these com-
posites (Ohno et al., 1994), is of absolute necessity for both material optimization
and structural design.

Consequently, a number of investigations have already been performed on metal
matrix composites (MMCs) or even titanium matrix composites (TMCs) subjected
to a transverse tensile or creep loading. These investigations were essentially focused
on the combined effects of fibre distribution (Brockenbrough et al., 1991) and of
internal thermal stresses (Nakamura and Suresh, 1993) or of the fibre/matrix trans-
verse Young’s modulus ratio (Lesne et al., 1995) on the transverse response of
MMCs, using finite element (FE) models. Some of such studies were performed on
TMCs (Déve, 1999; Miracle and Majumdar, 1999; Wu et al., 2001; Ellyin and Xia,
2001). Moreover, interfacial debonding, which seriously affects the transverse beha-
viour (Nimmer et al., 1991; Li and Wisnom, 1994; Gundel et al., 1995; Cotterill and
Bowen, 1996; Warrier et al., 1999), has also been investigated (Needleman, 1992)
using the cohesive zone model developed by Needleman (1987) and improved by
Tvergaard (1990). Studies related to the transverse response of MMCs have also
been performed at the crystallographic scale. They concern either the micro-
structural deformation modes (Majumdar and Newaz, 1992), or the matrix texture
(Poole et al., 1994a; Poole et al., 1994b; Rangaswamy et al., 2000; Gordon and
Clyne, 1993), or the crystal plasticity (Needleman and Tvergaard, 1993). Indepen-
dently, finite element models of polycrystalline aggregates have been developed
(Cailletaud, 1987; Pilvin, 1990; Staroselsky and Anand, 2003) as extensions of
previous models (Lin, 1957; Kroner, 1961; Berveiller and Zaoui, 1978) in order to
describe the macroscopic behaviour of a polycrystalline textured alloy such as the
matrix of a MMC. Such models have already been used to determine the macro-
scopic behaviour of two-phase single crystal superalloys (Méric et al., 1991) or two-
phase polycrystalline titanium alloys (Feaugas et al., 1997). They are however still
under development to describe the mechanical behaviour of polycrystals. They
consist in either affine (Masson et al., 2000), tangent (Molinari et al., 2003) or
second order (Ponte Castaneda, 1996; Ponte Castafieda and Suquet, 1998) models.
However, to the authors” knowledge, no studies concerning the macroscopic trans-
verse behaviour of MMCs have been reported to date, taking simultaneously into
account the effects of the interface bond strength, of the internal thermal stresses
and of the local texture of the matrix via a polycrystalline aggregate model.

In fact, as regards the SM1140+ /Ti-6242 composite under investigation,
transverse creep tests have already been performed under vacuum at a temperature
of 500 °C. These tests, reported in a previous paper (Carrere et al., 2002), have
revealed classical creep curves with the three characteristic stages: primary, secondary



and tertiary. Using a two-scale approach (fibre/matrix scale and macroscopic scale),
it has been shown that the global response strongly depends on the local fibre/matrix
interface behaviour. A number of scanning electron microscope (SEM) observations
have shown that the only observed damage is interface debonding (Carrere, 2000).
As shown in previous papers (Crossman et al., 1974; Ohno et al., 1994; Eggleston
and Ritter, 1995), due to the existence of an experimentally determined critical stress
(o.), two distinct domains were evidenced as a function of the applied stress:

e below o, a slight damage (fibre/matrix debonding) is observed. After a short
primary creep stage, a steady creep rate is attained leading to a long duration
test without fracture,

e above this critical stress, damage is generalized, leading to an increase in the
secondary creep rate and to the possible failure of the specimen.

FE analysis has been performed in order to confirm these experimental results and
to improve the understanding of the operating mechanisms (Carrere et al., 2002).
This analysis is based on a rectangular unit cell representative of the hexagonal fibre
arrangement in the composite. The fibres are supposed to remain elastic isotropic.
The matrix is represented by an isotropic elastoviscoplastic model which was iden-
tified from tensile, cyclic and creep tests on a monolithic Ti-6242 matrix. The inter-
facial zone is described by a debonding law based on Tvergaard’s model (Tvergaard,
1990). Modelling, presented in (Carrere et al., 2002), reproduces the characteristic
creep stages. Simulations show that the main damage is produced during the loading
step. This initial damage can induce the rupture of the interface in the loading
direction and then relaxes the stress carried by the fibres. Debonding propagates
along the interface and the strain is controlled by the matrix. The creep rate is faster
compared to the case wherein a part of the load is carried by the fibre (undamaged
interface). Experimental observations coupled with simulations clearly demonstrate
the existence of a critical stress. Moreover, experimental and numerical results reveal
the major influence of the interface on the global behaviour of the composite. These
results, presented in (Carrere et al., 2002) led to a better understanding of the
damage mechanisms occurring during a transverse creep test. However, a poor
quantitative agreement was found between the experimental and numerical results.
The same problem was reported by Durodola et al. (1994) for the longitudinal creep
modelling of a SiC/Ti-64 composite. A possible explanation is the difference in
behaviour between the monolithic matrix used to identify the parameters of the
elastoviscoplastic law and the matrix in the composite. In this respect, Carrere et al.
(2001) have shown that the matrix in the composite presents a strong local texture,
whereas the monolithic matrix is isotropic. The aim of the present paper is to
demonstrate that the local texture of the matrix in the composite may have a large
influence on the macroscopic behaviour of the composite. More generally, the
influence of different kinds of crystallographic anisotropy of the matrix, on the
composite mechanical anisotropy, is also investigated. The numerical analysis
involves a three-scale approach, incorporating two simultaneous scale changes, in



order to bring directly into the overall composite behaviour all the local features of
the slip systems activated in each grains of the polycrystalline matrix.

2. Methodology
2.1. Experimental procedure

The material under investigation is a titanium alloy unidirectionaly reinforced by
SM1140+ fibres (manufactured by DERA-Sigma UK). The matrix is the near-
alpha titanium alloy Ti-6242 (6Al-2Sn-4Zr-2 Mo wt.%) with about 90% alpha
phase (hep structure) and 10% beta phase (bec structure). The SM 1140+ fibre (100
pm in diameter) is produced by chemical vapour deposition of SiC on a tungsten
core and possesses an external 4.5 um pure carbon coating (Vidal-Sétif and Valle,
1999; Cheng et al., 1999; Shatwell, 1999) which protects the SiC from chemical
reactions during processing and acts as a mechanical fuse. The composite, manu-
factured by SNECMA using the foil-fibre—foil technique, is a 12-ply plate with a
fibre volume fraction of about 35%. The foil-fibre—foil route consists in the
consolidation, under vacuum [950 °C, 80 MPa (Vassel et al., 1996)], of alternately
stacked thin matrix foils (about 100 pm in thickness) and fibre mats of aligned
monofilaments.

The test specimens were machined in the composite plates, the fibres being oriented
at 90° to the loading axis. The creep tests were performed in a lever type machine,
under vacuum in order to avoid oxidation phenomena which would be absent in
the gas turbine disc where the continuous fibres are completely embedded in the
matrix.

The matrix texture was measured using the Electron BackScaterring Diffraction
(EBSD) technique (Carrere, 2001; Carrere et al., 2001). The EBSD samples were
mechanically polished in order to permit electron diffraction. The EBSD technique
is based on the interaction of the scanning electron microscope (SEM) electron beam
with the material, providing a punctual divergent source. The diffraction of these
electrons on all the atomic planes of each grain gives a “diffraction pattern” also
called “Kikuchi pattern”. If the crystal primary unit-cell is known, then the experi-
mental Kikuchi patterns can be compared with the simulated ones. This “pattern
recognition” method allows to determine the orientation of each grain in the sample.

2.2. Numerical procedure

The numerical simulation is based on FE calculations performed with the FE code
ZéBuLoN (2000). Due to the periodic arrangement of the fibres in the matrix, it is
possible to isolate a unit cell and define symmetry and boundary conditions which
are representative of the whole composite (Fig. 1). In the present work, the
generalized plane strain assumption is made in the axial direction (g33 uniform).
Finally, the macroscopic behaviour is obtained by averaging the local stresses and
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Fig. 1. Fibre arrangement in the SM 1140+ /Ti-6242 composite (foil-fibre—foil technique) (a), and the
representative unit cell (b). Under each Gauss Point of the FE representative cell the polycrystalline
nature of the matrix is taken into account using a polycrystalline aggregate model (c). Note that (c) is a
purely formal representation of the polycrystalline matrix; in fact, the model does not take into account
the geometry of the grains.

strains over this reference volume. In the present investigation, the SiC/Ti composite
is only subjected to a transverse loading.

In a first approach, the calculations will be performed in linear isotropic elasticity
(for both the matrix and the fibres), and the residual stress field is neglected. The aim
of this modelling is to obtain semi-quantitative data regarding the stress field in the
matrix and the maximum shear stress which governs plastic deformation mechanisms
(Lesne et al., 1995). However, in the present investigation, two cases will be
considered: perfectly bonded interfaces and perfectly debonded interfaces (no
penetration and no friction). In a second approach, FE calculations will be



performed taking into account the polycrystalline nature of the matrix, the local
matrix texture, the progressive interfacial debonding and the residual stresses. The
fibres are characterized by a classical thermo-elastic model. As noted previously, the
main damage mechanism during a transverse test is interfacial damage. In previous
papers (Carrere et al., 2001, 2002), it has been reported that no damage or porosity
is observed before the test. It could be seen on tested samples that the interface
between the fibre and the matrix is totally broken; however, no other damage
mechanism has been detected. The interfacial behaviour is described by a cohesive
zone model (Needleman, 1987; Tvergaard, 1990). This kind of cohesive zone model
has already been used to describe the interfacial debonding in composites materials
(Chaboche et al., 1997; Pochiraju et al., 2001). Basically, this model gives the local
constitutive law between the normal and tangential traction components (7,,,7;) and
relative displacements (U,,U,) of two points initially superposed and belonging to
two different media (Fig. 2). The damage evolution is taken into account by the
damage variable 4 which combines the normal and shear damages as follows

NN AY |xifxso
~= \/< Sn ) +<8_t> where(X) = 0 in the other cases M

The non-linear relations between (U,,U,) and (T,,T}) have the form

Ty = %F()L)
U . )
Sy

where F(4) is chosen as F(4) = fomax(l - )~)2 for 0<A<1, and where o, and
QO max are respectively the maximum values of 7, and 7 in pure modes. / varies
continuously from 0 (locally bonded nodes) to 1 (locally debonded nodes). §, and §;
are the maximum values of the relative displacements U,, and U, in pure normal and
pure shear modes, respectively.
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A G
+—>
Ui
Friction
(a) (b)

Fig. 2. Schematic representation of interfacial debonding (a) and modelling of the interfacial zone (b).



The parameters of this law have been identified from Push-Out tests for the
tangential parameters and transverse tensile tests for the normal parameters. The
tangential parameters of the Tvergaard’s model (¢omax, 6; and w) are identified from
the results of push-out tests, in order to numerically reproduce the maximum load
experimentally observed and the quasi-linear region of the load/displacement curve
corresponding to solid friction. To identify the other parameters of the debonding
law (omax and 8,), it is necessary to use a test inducing a normal loading on the
interface. In the present case, the transverse tensile test is used. In fact, after an
elastic domain without damage, the radial compressive residual stresses are locally
overcome (in the loading direction) and the interface damage begins (first knee in the
stress/strain curve). It should be noted that these parameters could be related to the
critical energy release rates in mode I (G§) and in mode II (Gf;). In the present work,
the critical energy release rates in mode I and II will be supposed to be equal.

Due to the importance of the residual stress state in the composite on the macro-
scopic response (Nimmer, 1990), the whole experimental procedure has been simulated.
It may be summarized as follows

e the manufacturing process (consolidation) which consists in a thermo-
mechanical loading (from 950 °C, 80 MPa to 20 °C),
the thermal loading to reach the test temperature,
and, finally, the transverse mechanical loading.

The elastoviscoplatic behaviour of the matrix was characterized by a number of
tests (single tensile/compression tests (Baroumes, 1998), cyclic tests (Malon, 2000)
and creep tests (Carrere, 2001)) performed on the unreinforced matrix. In order to
improve the previous modelling (Carrere et al., 2002), the effect of crystallographic
orientations on the viscoplastic behaviour is taken into account by means of a
polycrystalline aggregate model (Cailletaud, 1987; Pilvin, 1990, 1996; Cailletaud and
Pilvin, 1994). It should however be noted that localized plastic deformation modes,
such as dislocation pile-ups, are not taken into consideration in such models. In fact,
such mechanisms are of major importance in the presence of large grains in the
matrix of the composite (Stohr and Valle, 1975; Valle, 1992; Majumdar and Newaz,
1992) where extended glide planes and thus pile-ups containing a large number of
dislocations may lead to a high shear stress at the spearhead, sufficient to break the
fibres. However, in the present case, the grains are relatively small; moreover, con-
trary to previous observations of slip bands in large grains on polished specimens
(Majumdar and Newaz, 1992), similar observations have not revealed such intense
localized deformation modes in the specimen gauge, except in the not representative
necked fracture zone. It is also well known that the grain size effects and the thermal
treatment has a great influence on the mechanical properties of the Ti alloys. Con-
sequently, the unreinforced matrix used to identify the constitutive law of the matrix
has the same mean grain size as the matrix in the composite. In this context, it
should be noted that the number of grains between each fibre is assumed to be
sufficiently large to justify the use of the polycrystalline model. Moreover, the
thermo-mechanical loading (from 950 °C, 80 MPa to 20 °C) corresponding to the



manufacturing process of the composite has been applied to the unreinforced
matrix. The behaviour of the textured matrix is described by the crystalline
constitutive law (grain scale) and the polycrystalline model (matrix scale) which are
presented in Section 3.2.

3. Results
3.1. Texture measurements

As already mentioned, the Ti-6242 alloy is a near-alpha alloy with about 90%
alpha phase (hcp structure); consequently, the matrix is supposed to be constituted
by alpha phase only. Some low-index crystallographic directions and planes in the
hexagonal system are given in Fig. 3.

Three different samples have been investigated. The first one is an unreinforced Ti-
6242 matrix sample used to determine the parameters of the matrix constitutive law
(noted as ur-matrix). This sample consists of some thick foils (about 1 mm in
thickness) stacked and consolidated using the same processing cycle as the compo-
site. The second one is an as-received thin Ti-6242 foil (about 100 um in thickness,
and noted as ar-matrix) used to manufacture the composite. The third sample is the
SM1140 + /Ti-6242 composite. The X-ray diffraction technique has been used to
measure the textures of both the Ti-6242 plate used to identify the titanium elasto-
viscoplastic law (ur-matrix) and the Ti-6242 foil used to manufacture the composite
(ar-matrix). In the composite sample, the local texture measurements are performed
on the a-grains of the matrix in the composite, using the EBSD technique. The
results are reported in the form of pole figures where the reference axes are given
hereunder:

e in the matrix samples, RD corresponds to the rolling direction of the foils,
ND to the normal direction and TD to the transverse direction,

e in the composite sample, RD and ND also correspond to the rolling and
normal directions of the foils and TD to the fibre direction.

<0001>

Basal plane
{0002}

<1010>

Prismatic plane
{1070}

Fig. 3. Some low-index directions and planes in the hexagonal system.



The results show that the ur-matrix is isotropic and presents a random texture. On
the contrary, the matrix foil (ar-matrix) obtained by cold rolling exhibits a strong
texture with the (0001) basal planes preferentially oriented parallel to the foil surface
(RD,TD). In the case of the matrix in the composite, two zones are evidenced
(Carrere et al., 2001). The results are summarized in Fig. 4 where the local pole
figures of these two zones are reported

e in the central part of the matrix foils (zone A), the texture is such that the
<0001 > axis is close to the ND direction. The (0001) basal planes are thus
nearly parallel to the (TD,RD) plane. Consequently, there is no evolution of
the texture as compared with the ar-matrix.

e in the interfibre spacing (zone B), the initial texture is lost. There is no
preferential orientation.

The evolution of the texture could be explained as follows (Carrere et al., 2001)

e in zone A, during the consolidation process, the titanium foils in this zone are
essentially subjected to a low plastic deformation, the initial texture of the
foils is thus maintained,

e in zone B, during the consolidation process, the matrix is subjected to a severe
plastic deformation in order to fill the spaces between the fibres, thus leading
to a more random orientation of the grains.

3.2. Polycrystalline constitutive law

The main mechanism by which plastic deformation of the Ti-based matrix occurs is
dislocation glide. In fact, plastic deformation, by slip, of a crystal (i.e. dislocation glide
in a slip plane in the direction of slip) is possible provided that Schmid’s law is fulfilled

T > T, 3)
where 7 is the resolved shear stress in the slip plane in the glide direction and t. is

the critical resolved shear stress (CRSS).
In the considered temperature range, only prismatic slip and basal slip are possible

(Paton et al., 1976). Prismatic slip in the {101_0} prismatic plane in the <11§0>
direction occurs from room temperature. For temperatures greater than 400 °C the
activation of this system is still possible, but the basal slip system {0001}<11§0>
could also be activated. For all temperatures, the stress necessary to activate the
prismatic slip (CRSS) is lower than that necessary for the basal slip.

In fact, the formulation of the polycrystalline constitutive law involves three steps:
the crystalline constitutive model (plastic deformation by slip in each grain), the
localization of the macroscopic stress at the level of each individual grain and, finally,
the homogenization process to determine the macroscopic plastic deformation.



3.2.1. Crystalline constitutive model

The crystalline constitutive law is written at the grain scale (Cailletaud, 1992). In
each grain, the constitutive model gives relations between the resolved shear stress
(1) on each slip system (s) and the viscoplastic shear strain rate (y,) which is defined

(0001)

b
" ND ND
N

r%\,RD L:.!E*'?RD

o -

(0001) (1010)
\ / A
Zone B :

<ol Zone A :
thei;r}g?(! texture "Wl""IIII"""I"““ “I“m: the ini?ir;.:l3 texture

is maintained.
ND

JLTD IMI|I||I||nuuilllllllumuili '

Zone B
Isotropic matrix

Zone A
Textured matrix

Zone B
Isotropic matrix

Fig. 4. Poles figures of the ar-matrix foil (a); Local texture of the matrix in the SM1140+ /Ti-6242
composite manufactured by the foil-fibre-foil technique (b); FE mesh taking into account the local texture (c).



by means of a power function of the effective stress. This stress is calculated as the
difference between the resolved shear stress and two hardening variables.
For each grain (g) and each slip system (s)

Ty = M @ Oy 4)

ms being the orientation tensor defined by the relation mg = 0.5(%S QIL+1® ﬁs>
where 7 is the unit vector normal to the slip plane and [ is the slip direction in this
plane. o, is the stress applied to the grain (g) (see next section for details).

The viscoplastic rate (y,) is given by

<|Ts — Xg| — 715

Vs = K > sgn(zs — X;) Q)

where sgn is the signum function and <A > is the positive part of A; r, represents
the isotropic part of hardening i.e. the expansion of the elastic domain for the slip
system (s); x, represents the kinematic part of hardening i.e. the translation of the
elastic domain for the slip system (s); K and n are viscosity parameters of the mate-
rial. The evolution of r¢ (hardening law) is given by

re=Ro+ Q1) h(l —e™) (6)

where R, is the critical resolved shear stress, O and b; are material parameters; v, is
the slip rate of the slip system (s) defined by

w(t) = JO)’/(u)du

H is the interaction matrix, the diagonal part of H giving the self-hardening of the
slip system (s), and the term /4, (r#s) representing the latent hardening i.e. the cross-
influence of the slip system (r) on the hardening of the slip system (s). In the present
work, all the terms of the interaction matrix are assumed to be equal to unity.

The evolution of x; is given by

{ Xs = C10 (7)

G = Ys — di X Vs

where ¢; and d; are material parameters.
Finally, the deformation rate of the grain is given by

gg = Z”hs 75 (8)

3.2.2. Polycrystalline aggregate model
As mentioned earlier, the only deformation taken into consideration at the single
crystal level is the plastic strain (Eg). The clastic deformation is taken into account at



the aggregate (polycrystalline) level and differs from the single crystal elastic
behaviour. In fact, at the polycrystalline scale (homogenization), the total strain (E)
is equal to the sum of the elastic (Ee) and viscoplastic (Evp> strains. The macro-
scopic stress tensor X is thus calculated using the classical constitutive law

E=E, +E.

$=C:(E-Ey) ©

where C is the polycrystalline stiffness tensor which is not the same as for the single
crystal elastic behaviour.

The constitutive model of the grain being defined, it is now necessary to propose a
localization technique in order to characterize the local stress in each grain (6g)as a
function of the macroscopic stress (i) In the present work, we use the relations
proposed by Cailletaud and Pilvin (Cailletaud, 1987; Pilvin, 1990, 1996; Pilvin and
Cailletaud, 1990)

=3+ Ma(B ,Bg>
E % oPe (10)
Be =0 — DR

where ¢, is the volume fraction corresponding to the grain (g). From a macroscopic
point of view, ﬁg is the nonlinear kinematic hardening introduced in order to
decrease the stress in the grains, thus taking into account the intergranular interac-
tions. u is the shear modulus, & and D are parameters of the localization model. ||| is
a norm.

It should be noted that the variable Bg is used in place of the plastic strain in the
classical Kroner localization rule. It allows to better take into account strain
heterogeneities and the corresponding local stress redistributions. In fact, the model
has a self consistent character in the sense that the constant D in the evolution rule
for ﬁg can be adjusted from numerical computations as shown in (Pilvin and
Cailletaud, 1990). For the low plastic strain regime, at the onset of plastic flow, it
recovers the Kroner rule. For the large strains, it asymptotically tends to the Sachs
rule (with a uniform stress localization).

Finally, the macroscopic viscoplastic strain is given by (homogenization)

E™® =) c,é, (11)
g

3.2.3. Identification of the polycrystalline constitutive model

In order to describe the polycrystal, it is necessary to identify the parameters of
the polycrystalline aggregate model [Egs. (9) and (10)] and of the crystalline
constitutive model [Egs. (4)—(8)]. The single crystal and the polycrystalline models



have been implemented (Cailletaud and Pilvin, 1994) and tested (Barbe et al., 2001),
some years ago, in the finite element code ZéBuLoN (Burlet and Cailletaud, 1991;
Z¢BuLoN, 2000). The identification of the model has thus been performed using the
available facilities of this code.

The parameters of the localization model [first equation in (10)] are not ““materials
parameters” which could be identified from mechanical tests. In the present work,
the parameter o was evaluated using the formulation given by Pilvin (1997) and the
parameter D could be numerically determined in order to enforce the self-con-
sistency of the model in an average sense (Pilvin, 1997).

For each system, the parameters of the crystalline constitutive model [Egs. (4)—(8)]
have been identified from tensile tests, cyclic tests and creep tests performed on the
monolithic Ti-6242 matrix, for a large temperature range (from 20 °C to 900 °C).
This material is isotropic, then an isotropic distribution of the orientations of the
grains is chosen; it consists in 40 equivalent orientations (Vg, cg =1 /40). Note that
when the parameters of the polycrystalline aggregate model and of the crystalline
constitutive model are determined, it is possible to model a textured material by
changing the orientation distribution of the grains.

Evaluation of the model parameters was done using quite a large data base :
several tensile tests, relaxation tests and cyclic tests for temperatures ranging from
900 °C to 20 °C. Some creep tests are also available at 500 °C and 600 °C. The main
difficulty in this kind of identification is to determine the critical resolved shear stress

of each system. As noted previously (Paton et al.,, 1976), the prismatic slip
{101_0}<11§O> occurs from room temperature, and for temperatures greater than

400 °C the activation of the basal slip system {0001 QIIQO is also possible. More-
over, the CRSS of the prismatic slip system is always lower than that necessary for
the basal slip. Note that using metallographic observations, it has been confirmed
that the slip systems activated in the unreinforced matrix are the same as in the
matrix in the composite. Using these informations, it is possible to use the identifi-
cation tools available in the finite element code ZéBuLoN. From a practical view-
point, the method used consists in comparing all the experimental results (tensile,
cyclic and creep tests) for a given temperature with the corresponding responses
given by the model. An optimization method is used to determine the parameters
leading to the model results. In order to improve this identification it would be
necessary to perform several tests on monocrystalline Ti-6242 samples; however,
such test specimens are very difficult to obtain in this Ti alloy.

3.3. Maximum shear stress in the matrix of a SiC|Ti composite subjected to a
transverse loading

Before taking the local texture into account through the polycrystalline aggregate
model, the orientation of the planes of maximum shear stress in the matrix will be
determined in order to better understand the possible role of the local texture. As
noted in Section 2.2, the residual stresses are not taken into account in this first
approach.



In fact, as regards the plastic deformation of the polycrystalline matrix, the
quantity of interest is the maximum shear stress acting on the possible slip systems
of each grain. This stress is evaluated in the (1’, 2/, 3’) system of axes, such that the
(o1, 0y, 03) stress system is principal. For example, if oy > 0y > o3 > 0, then the
maximum shear stress, which governs the possibility of plastic deformation by
dislocation glide in the slip plane, attains the maximum value of t,x = (o1 — 03)/2
in the planes making an angle of £45° with respect to the directions 1’ and 3’. The
condition of generalized plane strain is considered in the axial direction (e33
uniform). The values of the plane stresses o3 and 0,3 are negligible as compared with
the other components of the stress tensor. In order to simplify the discussion, the
direction 3 and the stress component o33 (fibre axis) are supposed to be principal. In
order to determine the maximum shear stress and identify the corresponding plane,
it is necessary to determine, at each Gauss point, the system of axes such that the
stress system is principal. FE calculations in the elastic domain, without taking into
account the internal thermal stresses, have been performed using the unit cell
presented in Section 2. The maximum shear stress in the matrix is represented as
grey levels density maps (Figs. 5 and 6); the two principal directions giving this
maximum shear stress are also reported. The results are presented in Fig. 5 in the
case of a perfectly bonded interface, whereas those corresponding to the case of a
perfectly debonded interface are given in Fig. 6. In both cases, the maximum shear
stress may be compared to that attained in a continuous medium (0.5). It should
also be noted that in the case of complete debonding, the problem is not exactly the
same as that of a hole (maximum shear stress 1.5), but that of a hole with an inserted
bar. The maximum shear stress would thus be attributed both to the finite geometry
effects (boundary conditions instead of infinite plate) and to the presence of the
inserted fibre.

e Perfectly bonded interface: the two directions giving the maximum shear stress
are close to the directions 1 and 2. The maximum shear stress is attained in
the matrix regions located between the fibres aligned in the loading direction
1. This means that plastic deformation will occur in this part of the matrix
(Fig. 5). The maximum shear stress attains the maximum value of t,x =
(o1 —02)/2 in the planes making an angle of +£45° with respect to the
directions 1’ and 2’. The shear stress (o3 — 02)/2 in the planes making an
angle of £45° with respect to the directions 2’ and 3’ is lower, and finally the
shear stress (o) — 03)/2 in the planes making an angle of £45° with respect
to the directions 1’ and 3’ is the lowest.

e Perfectly debonded interface: The maximum shear stress is attained near the
fibres in the matrix regions located at +90° to the loading axis. Plastic
deformation will thus occur in this part of the matrix. In these regions, the
two directions giving the maximum shear stress are close to the directions 1
and 2 (Fig. 6); the maximum shear stress attains the maximum value of
Tmax = (011 — 02)/2 in the planes making an angle of £45° with respect to the
directions 1’ and 2'. In these regions, the maximum shear stress resulting from
the stress components o3 and oy is lower, and finally the maximum shear



CTEENSSEEEEEE

T
max
b

Fig. 5. The normalized maximum shear stress in the matrix and the two principal directions giving this
maximum shear stress in the case of a perfectly bonded interface. The transverse loading direction is
horizontal.

stress resulting from the stress components o1 and oy is the lowest. In the
regions located in the loading direction, the maximum shear stress, although
much lower than that attained in the regions located at £90° to the loading
axis, is either the (o3 — 02/)/2 or (o1 — 0y)/2 maximum shear stresses.

These results indicate that:
e in both cases (perfectly bonded or perfectly debonded interfaces), the

maximum shear stress attains its maximum value in the planes making an angle
of +£45° with respect to principal directions very close to directions 1 and 2.
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Fig. 6. The normalized maximum shear stress in the matrix and the two principal directions giving this
maximum shear stress in the case of a perfectly debonded interface. The transverse loading direction is
horizontal.

e in the perfectly bonded interface case, plastic deformation will occur in the
regions located between the fibres aligned in the loading direction, whereas in
the perfectly debonded case, plastic deformation will occur in the regions at
+90° to the loading axis.

3.4. Complete modelling of a SiC|Ti composite subjected to transverse loadings

These FE calculations have also been performed using the unit cell presented in
Fig. 1. The matrix is represented by the previously described polycrystalline aggregate



model, 40 grain orientations being taken into consideration under each Gauss Point,
using the orientations of the grains determined by the EBSD technique (isotropic
in zone B and textured in zone A). As mentioned in Section 2, the progressive
interfacial debonding and the residual stresses are now taken into account.

Taking the matrix texture into account, the parameters of the interfacial debond-
ing model have been identified in order to numerically reproduce the transverse
tensile curve experimentally obtained on the SM1140+ /Ti-6242 composite. This
procedure of identification is reported in a previous paper (Carrere et al., 2002) and
briefly explained in Section 2.2. It should be noted that the corresponding critical
energy release rates are lower than in the case where the matrix is described by an
isotropic elastoviscoplastic model. A possible explanation for this difference is that
the isotropic elastoviscoplastic model does not correctly describe the nature of the
matrix in the composite. Then, a part of the phenomena related to the matrix was
integrated in the interface behaviour.

The interfacial parameters being thus determined, the calculation of the transverse
creep curves is then possible. The creep curves obtained experimentally and
numerically using the polycrystalline model (noted “poly”), for tests performed at
220 MPa (lower than the critical stress) and 300 MPa (higher than the critical stress)
are reported in Fig. 7. Only two representative tests are reported for the sake of
conciseness. It should be noted that the same comparison between experimental and
numerical results has been performed for all the investigated creep tests reported in
Carrere et al. (2002).

0.01 T ; T T
= = Experimental results
0.009 — Numerical results (poly) i
—— Numerical results (evp)
0.008 \ 1
0.007 1
300MPa
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Fig. 7. Comparison between experimental and numerical results (polycrystalline model taking into
account the matrix texture), for transverse creep tests performed on the SM 1140+ /Ti-6242 composite at
500 °C (220 MPa and 300 MPa). The numerical results corresponding to transverse creep tests at 500 °C
(220 MPa and 300 MPa), obtained using the isotropic elastoviscoplastic model (evp), are also reported.



The results of numerical creep tests at 220 MPa and 300 MPa obtained using a
classical two-scale approach (an isotropic elastoviscoplastic model is used to
describe the matrix), have also been reported (noted “evp”). In this last case, the
primary creep stage is too high as compared with the experimental result. On the
contrary, for the two investigated stresses, there is a good agreement between the
numerical creep curves obtained using the polycrystalline model and the experi-
mental creep curves. An inverse identification has also been performed, using
composite transverse creep tests, in order to re-identify the macroscopic
elastoviscoplastic model of the matrix. Unfortunately, even using these modified
parameters, it has not been possible to obtain a good description of the composite
transverse creep behaviour for all the investigated stresses. These results clearly
demonstrate the necessity of taking into account the crystalline nature of the
titanium alloy and the local texture of the matrix in order to correctly describe the
composite behaviour.

At the matrix grain scale in the composite, it is possible to identify the slip systems
numerically activated during a calculated transverse creep test (500 °C), as a function
of the applied stress. For a test performed at 220 MPa (lower than the critical stress),
plastic deformation essentially occurs by slip in the basal plane, whereas at 300 MPa
(greater than the critical stress), plastic deformation occurs by slip in the prismatic
and basal planes. This result is very surprising because in the monolithic matrix the
prismatic slip is activated first and the basal slip is only activated for the highest
stresses. An explanation will be given in the next section.

Modelling of transverse tensile tests at 20 °C have also been performed. In those
numerical transverse tensile tests, the loading direction is either the classical trans-
verse direction (RD) or the through-thickness direction (ND) (Figs. 8 and 9). Two
modellings have been performed: (1) using the three-scale model developed in the
present work (noted “‘poly’’) and (2) using a classical two-scale approach (noted
“evp”). The aim of these modellings is to determine the influence of a crystal-
lographic anisotropy of the matrix on the macroscopic behaviour of the composite.
In this respect, a first experimental response is given by Thomas (2000) on a
SM 1140 + /Ti-64 composite manufactured by the foil/fibre/foil technique. Although
the local texture of this composite has not been determined, it may be assumed to be
similar to that measured in the present study (same fibres, very similar matrix and
same consolidation process). The experimental results obtained by Thomas (2000)
have revealed a strong difference in the mechanical properties in the RD and ND
directions: the mechanical strength is higher in the RD than in the ND direction.
The results of the finite element calculations, using the three-scale approach, are
presented in Fig. 8a. In fact, a strong mechanical anisotropy between the transverse
tensile tests performed in the RD and ND directions is evidenced when the three-
scale approach is used, taking into account the local textured polycrystalline nature
of the matrix: the yield stress is higher in the RD than in the ND direction. Fig. 8b
presents the results obtained using a classical isotropic elastoviscoplastic model; in
this last case, the numerical responses in the RD and the ND directions are identical.
Consequently, taking into account the local texture of the matrix allows to repro-
duce qualitatively the experimental results obtained by Thomas (2000). Moreover,
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the local plastic strain in the direction of loading obtained using a three-scale
approach (a and b) and a classical two-scale approach (c and d) is reported in Fig. 9.
When the composite is subjected to a transverse loading, the deformation is loca-
lized in regions located +90° to the loading axis. When using an elastoviscoplastic
model for the matrix (Fig. 9c and d), the plastic strains are very similar for the trans-
verse tensile tests performed in the RD and ND directions. However, when the poly-
crystalline textured nature of the matrix is taken into account, the plastic strains are
three times higher for the ND tensile test than for the RD tensile test (Fig. 9a and b).
These local results are in a good agreement with the macroscopic ones (Fig. 8) and
show that it is of absolute necessity to take into account the local texture of the matrix
in order to describe both the local and the global behaviour of the composite.

4. Summary and discussion

The results presented in the previous section have demonstrated that taking into
account the local texture of the matrix in the composite, permits to quantitatively
reproduce the experimental results. A mechanical anisotropy between the two
transverse directions, due to the plastic anisotropy of the matrix resulting from the
crystallographic texture has also been evidenced. These results may be explained in
terms of maximum shear stress acting on the possible slip systems of each grain (see
Section 3.3). The discussion will be focused on the use of these results in order to
improve the mechanical properties of SiC/Ti composites.

4.1. Influence of the texture on the transverse creep behaviour of a SiC/Ti composite

As noted in the previous section, for a numerical creep test performed at 500 °C
under the stress leading to the interface failure, the calculated plastic deformation
essentially occurs by slip in the basal slip plane, whereas for higher stresses, plastic
deformation occurs by slip in the prismatic and basal slip planes. This result,
summarized in Fig. 10, is very surprising because, in the monolithic matrix, what-
ever the temperature, the stress necessary to activate the prismatic slip is lower than
that necessary to activate the basal slip. In fact, the local texture of the matrix and
the triaxial stress state in the matrix permit to explain this behaviour

e for low applied loadings, the interface is partially debonded (the stress state is
similar to that of Fig. 6). The plastic deformation will thus occur in the
regions located at nearly £90° to the loading axis; plastic deformation thus
takes place in the matrix regions where the texture is maintained. The maximum
shear stress attains its maximum value in the planes making an angle of £45°
with respect to directions very close to the directions 1 and 2. Due to the strong
local matrix texture in these regions, the maximum shear stress is thus attained
in planes located near the basal plane. In this case of only partial debonding,
load transfer to the fibre is partially maintained, the resolved shear stress in the
prismatic planes is thus not high enough to activate the prismatic slip.
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e for high applied loadings, the interface is totally broken. The stresses are
transferred to the matrix. The stress state is high enough to activate both the
prismatic and basal slip systems which lead to a large plastic deformation.

4.2. Influence of the texture on the mechanical anisotropy of a SiC|Ti composite

The influence of the crystallographic and thus plastic anisotropy of the matrix on
the macroscopic behaviour has also been evidenced. This other result could be
explained using the same argumentation. At 20 °C, plastic deformation only occurs
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by slip in the prismatic slip planes. The initiation of interfacial damage begins in the
loading direction and increases progressively around the fibre. After complete
debonding, the maximum shear stress is localized in the regions located at £90° to
the loading axis.

e when the composite is subjected to a transverse loading in the classical
transverse direction (RD or direction 1), the stress is localized in the regions
located at +90° to the direction 1 (where the texture of the matrix is main-
tained). Using the same developments as presented in Section 3.3 and used in
Section 4.2, it can be shown that in this region, due to the local texture, there
is no prismatic plane favourably oriented as regards the possibility of plastic
deformation.

e when the composite is subjected to a transverse loading in the through-
thickness direction (ND or direction 2), the stress is localized in the regions
located at £90° to the direction 2 (where the matrix is isotropic). The matrix
being isotropic in these regions, there is a number of prismatic planes
favourably oriented as regards plastic deformation. The yield stress is con-
sequently lower when the composite is subjected to a transverse loading
exerted in the ND direction than in the RD direction.

4.3. Improvement in the transverse behaviour of a SiC/Ti composite by a specific
texture

In a fundamental deformation mode approach, the macroscopic behaviour of a
SiC/Ti composite subjected to a transverse loading could be explained in terms of
maximum shear stress acting on the prismatic system (which has the lower critical
resolved shear stress) of each grain. Consequently, the macroscopic behaviour could
be changed by modifying the texture

e in a matrix presenting a strong texture such that the (0002) direction is
parallel to the direction 3 [Fig. 11 (a)], there is a number of prismatic planes in

(@ Matrix ; (b) Matrix )
Fibre Fibre Fibre Fibre

S

Fig. 11. Representation of the crystallographic orientations of the matrix grains leading to the lowest
yield strength (a) and to the highest yield strength (b).
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which the shear stress is maximum, thus leading to a low yield strength.

e in a textured matrix such that the (0002) direction is parallel to the direction 1
[Fig. 11(b)], the crystals are so oriented that the shear stress in the prismatic
planes is minimum, leading to a high yield strength.

These results demonstrate that a change in the matrix texture leads to a change in
the macroscopic composite behaviour. Modifying the texture of the matrix is possi-
ble using different fibre mats (plasma sprayed monotapes, matrix coated fibres. . .).
Consequently, the present analysis could help the composite manufacturers to
choose between the various processing routes in order to improve the composite
behaviour.

5. Conclusion

As mentioned previously, the present study was devoted to demonstrate that the
texture of the matrix of a SiC/Ti composite has a large influence on the macroscopic
behaviour of this composite. A three-scale approach was used: from the grain scale
to the macroscopic scale.

e A local matrix texture has been evidenced using the EBSD technique. In a
part of the matrix (the central part of the matrix foils, zone A) the foil texture
is maintained whereas the rest of the matrix (interfibre spacing, zone B)
becomes isotropic.

e In order to study the influence of this texture on the composite behaviour, FE
calculations have been undertaken. In a first approach, the computations
have been performed in linear elasticity in order to obtain quantitative
informations concerning the maximum shear stress in the matrix. The internal
stress field resulting from the mismatch between the coefficients of thermal
expansion was not taken into account. These results already suggest that a
change in the matrix texture could lead to a change in the macroscopic
composite behaviour.

e The complete modelling of a SiC/Ti composite subjected to transverse
loadings has been undertaken. This modelling takes into account the poly-
crystalline nature of the matrix, the local matrix texture, the progressive
interfacial debonding and the residual stresses due to the consolidation
process. In this context, let us note the exceptional character of the present
analysis which simultaneously incorporates two scale changes: (1) from the
crystal plasticity in each grain in the matrix to the viscoplastic behaviour of
this polycrystalline matrix (under each Gauss Point in the FE model), (2)
from the matrix, interface and fibre behaviour to the overall composite
behaviour by periodic homogenization using a FE unit cell technique. The
comparison between experimental and numerical results clearly demonstrates
that it is necessary to take into account the texture of the matrix in the
modelling. It has been evidenced, as a result of this modelling, that the
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crystallographic anisotropy of the matrix leads to a mechanical anisotropy of
the composite. From an industrial viewpoint, this effect is so important, that
it will be necessary to take this mechanical anisotropy into account when
designing industrial components.

The results presented in this paper have helped clarifying the relation between the
“sub-microscopic” scale (matrix grain scale) and the macroscopic scale (global
composite behaviour). As shown in previous articles, it has been demonstrated in
this paper that the damage composite behaviour is influenced by the residual stresses
and the interfacial behaviour. It has also been shown that the local matrix texture
has a great influence on the viscoplastic composite behaviour. It permits to propose
ways of improvement of the mechanical behaviour of SiC/Ti composites by
modifying the interfacial resistance and changing the matrix texture. This last point
is possible by using different fibre mats (plasma sprayed monotapes, triode sputtering
technique coated fibres...) whose textures are strongly different (Carrere, 2001).
Also note that during a creep test (which is representative of the mechanical loading
in the rotating disc), there is a strong interaction between damage and viscoplasti-
city. However, the analysis presented here only consider a unidirectional macro-
scopic transverse loading. In fact, in order to be more representative of the real
situation, it would be necessary to take into account a macroscopic multiaxial stress
state (macroscopic longitudinal and transverse stresses). Nevertheless, it has been
shown that taking into account the residual stresses, the interfacial behaviour and
matrix texture in the modelling is the only way to quantitatively reproduce the
experimental results. The modelling presented in this paper is totally predictive. The
effect of a change in fibre nature, fibre volume fraction or matrix texture is possible
and is presently under investigation.

The last step is the complete modelling of a structure (reinforced turbine disc for
example) taking into account the real microstructure of the composite (fibre, poly-
crystalline matrix, interface). This problem is presently under investigation at Onera
(Pottier, 1998; Chaboche et al., 2001) in order to perform simulations from the ““‘sub-
micro” scale to that of the structure (four-scale approach), using for instance the
FE? numerical technique (Feyel, 1998, 1999) including a polycrystalline aggregate
micro-mechanics model for the modelling of the matrix behaviour.
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