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One usual way to strengthen a metal is to add alloying
elements and to control the size and the density of the
precipitates obtained. However, precipitation in
multicomponent alloys can take complex pathways
depending on the relative diffusivity of solute atoms
and on the relative driving forces involved. In Al-Zr-Sc
alloys, atomic simulations based on first-principle
calculations combined with various complementary
experimental approaches working at different scales
reveal a strongly inhomogeneous structure of the
precipitates: owing to the much faster diffusivity of Sc
compared with Zr in the solid solution, and to the
absence of Zr and Sc diffusion inside the precipitates,
the precipitate core is mostly Sc-rich, whereas the
external shell is Zr-rich. This explains previous
observations of an enhanced nucleation rate in Al-Zr-
Sc alloys compared with binary Al-Sc alloys, along with
much higher resistance to Ostwald ripening, two
features of the utmost importance in the field of light
high-strength materials.
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Optimizing the properties of an alloy requires a detailed
knowledge of its precipitation kinetics. However, the effect
of adding distinct impurities to a metal does not reduce to
summing the effect of each of them. A spectacular example
is the addition of Zr and Sc elements to aluminium alloys.
Both elements, when introduced separately, increase the
tensile strength and the recrystallization resistance of the
alloy by forming ordered precipitates, but the combined
effect is considerably larger because it leads to a higher
density of smaller precipitates that are also less sensitive to
coarsening' ®. Although this combined effect has been
evaluated in the literature, no satisfactory explanation is
available yet. To better understand the precipitation kinetics
in Al-Zr-Sc, we present the results of a multiscale
approach. Our approach combines atomic-scale
simulations, which correctly predict the unusual
microstructure of the precipitates in this ternary alloy and
the kinetic pathway which leads to it, and experimental
techniques, which prove that the simulations reproduce the
real material. High-resolution electron microscopy
(HREM) and three-dimensional atom probe (3DAP)
analysis are used to characterize the atomic-scale
distribution of the chemical species in the particles. Small-
angle X-ray scattering (SAXS) confirms these results on a
larger number of particles, and gives quantitative
information on the overall precipitation kinetics. The
purpose is to illustrate how the coupling between modelling
and experimental techniques at various scales allows the
kinetic pathway to be tracked and quantified.

An atomic-diffusion model has previously been
developed for both binary Al-Zr and Al-Sc systems’. It
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Figure 1 AlsZrxSc1x precipitates obtained by atomic simulation. The positions of Sc and Zr atoms in the computational box are shown after a
simulated annealing at 550°C for 1.2 s of an aluminium solid solution containing 0.1 at.% Zr and 0.5 at.% Sc (KMC). A precipitate is isolated and its
radial concentration profile drawn, showing the Zr enrichment of the precipitate periphery compared with its core. The error bars correspond to
concentration variations associated with the detection of one more or one less solute atom.

relies on a rigid lattice with interactions between first-
and second-nearest neighbours, and uses a thermally
activated atom—vacancy exchange mechanism to describe
diffusion. The model has been validated by a mesoscopic
extrapolation relying on cluster dynamics showing that
experimental data on precipitation are well reproduced”.
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To study precipitation in the ternary Al-Zr—Sc system,
this atomic model needs to be generalized by including
interactions between Zr and Sc atoms. As no
experimental information is available, we use a first
principle approach to estimate the required parameters.
Ab initio calculations are carried out to obtain the
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Figure 2 3DAP analysis of the edge of an AlsZrkScax precipitate. A
precipitate was isolated in an aluminium solid solution containing

0.09 at.% Sc and 0.03 at.% Zr aged for 128 h at 400°C. The
corresponding 5x5x18 nm? volume is shown on the left, each sphere
representing a solute atom. The associated concentration profile on
the right shows the Zr enrichment of the precipitate in its periphery.
The error bars correspond to concentration variations associated with
the detection of one more or one less solute atom.

formation energies of 19 ordered compounds in the Al-
Zr-Sc ternary system. Then, we use the inverse
Connolly-Williams method’ to deduce the unknown
interactions of the atomic model from this database of
formation energies (see the Supplementary Information).

We obtain an order energy @), = 237 meV

corresponding to a strong repulsion when Sc and Zr
atoms are first-nearest neighbours, and a slight attraction

when they are second-nearest neighbours (@) = —

2.77 meV). With such interactions, an ordered ternary
compound AlgZrSc is stable at 0 K, however, as soon as
the temperature is higher than 70 K, the model predicts
that it partially disorders and leads to an Al;ZrScy
compound, where 0 < X < 1 is a variable quantity. This
compound has a L1, structure, and the atoms on the
minority sublattice can equally be Zr or Sc. This agrees
with experimental observations'” carried out on massive
AlZr,Sc;x samples with transmission electron
microscopy (TEM), which show that above the ambient
temperature precipitates in the ternary system have the
structure described above.

Using this atomic-diffusion model, we run
kinetic Monte Carlo (KMC) simulations of the annealing
of supersaturated Al-Zr—Sc solid solutions. Al;Zr,Sc;
precipitates appearing in the simulation box are
inhomogeneous (Fig. 1): their core is richer in Sc than in
Zr. The Zr concentration slightly decreases away from
the core, and then strongly increases at the periphery of
the precipitates, thus forming a Zr-rich shell. This strong
Zr segregation at the interface, as predicted by our
model'', agrees with experimental observations with
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Figure 3 HREM image of an AlsZrxSc1x precipitate. The particle has
been observed in an aluminium solid solution containing 0.09 at.% Sc
and 0.03 at.% Zr aged during 32 h at 450°C. The bottom-right side of
the whole precipitate shown in the top picture is enlarged in the bottom
picture, which shows the higher contrast of the shell region between
the arrows, owing to the increase of the heavier Zr atoms.

HREM'" and with 3DAP"*™'° on similar alloys. We also
carried out observations, all on the same model Al-Zr—Sc
alloy, to allow a direct comparison between these two
different atomic-scale characterization techniques. In
addition, SAXS is used to characterize the precipitation
process on a larger scale, and thus to obtain statistically
relevant information'®. Alloys corresponding to a
supersaturated solid solution containing 0.09 at.% Sc and



g
1 D

1: matrix thickness estimated from EELS
0F pariicle diameter measured from HREM
€ : shell thickness deduced from HAADF

Cancanlraian

1404
084
LS|
o— B
a4 i
a0 - T T T
L) a i
Dislance (ne)
HAADF inenaity
% Ay
f [
74 ko) i

20
D stance (nm)

Figure 4 HAADF analysis of AlsZrkScix precipitates. a, HAADF image of particles observed in an aluminium solid solution containing 0.09 at.% Sc

and 0.03 at.% Zr aged for 32 h at 450°C showing the bright contrast associated with the Zr-enriched shell. b, The EDX line-scan of the bottom particle.
¢, The geometrical model used to simulate the HAADF contrast. d, The rotationally averaged profile of the HAADF intensity from the bottom particle
agrees with the simulated one for precipitates with core and shell compositions equal to AlsSc and AlsZrosScos, respectively.

0.03 at.% Zr are prepared. To ensure that no
microsegregation is present, they are homogenized for
360 h at 630°C. One sample is then aged for 128 h at
400°C and another one for 32 h at 450°C.

3DAP analyses reveal particles enriched in Zr
and Sc (Fig. 2). A closer look suggests that Zr and Sc are
not equally distributed in the particle. The interface
seems to be richer in Zr and poorer in Sc than the
precipitate core. To quantify concentration fluctuations
from the interface to the core of the particle, erosion
concentration profiles'’ are calculated (Fig. 2). It should
be noted that the position of the particle/matrix interface
can only be estimated roughly because of trajectory
overlaps involved in the material, thus leading to an
uncertainty on the concentration profile obtained.
Nevertheless, the Zr enrichment is clearly visible close to
the edge of the particle, and the thickness of the Zr-rich
shell, wherein Zr concentration reaches a maximum of 15
at.%, can be estimated as 3 nm. Conversely, Sc
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concentration progressively increases and tends towards
25 at.% as we approach the core of the particle. As for
the Al concentration, it fluctuates between 65 and 85
at.%, and is thus compatible with a 75 at.% average
value corresponding to the Al;Zr,Sc, stoichiometry.

To confirm the 3DAP observations, HREM,
high-angle annular dark-field (HAADF) imaging, energy-
dispersive X-ray (EDX) and electron energy-loss
spectroscopy (EELS) analyses are carried out. The results
are shown in Figs 3 and 4. The representative precipitate
of Fig. 3 is observed in HREM along the [001] Al-matrix
azimuth. Its diameter measures about 26 nm, and the
contrast clearly shows a core—shell configuration with a
non-uniform shell thickness of about 2-4 nm as seen
from the bottom-right side of the particle. In HAADF
imaging (Fig. 4a), the shell appears as an outer ring that
is brighter than the core. HAADF images are recorded
under conditions excluding any diffraction effect and, in
these observation conditions, the image contrast is known
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Figure 5 Small angle X-ray scattering. The spectrum is measured in
an aluminium solid solution containing 0.09 at.% Sc and 0.03 at.% Zr
aged for 32 hours at 450°C, and is compared with the signal simulated
assuming homogeneous or heterogeneous precipitates.

to be roughly proportional to the square of the atomic
number'®. As Zr has a higher atomic number than Sc
(*Zr and ?'Sc), the bright shell corresponds to a Zr-
enriched part of the precipitates. An EDX line-scan
through the particle located at the bottom of Fig. 4a
confirms the Zr-enrichment at the periphery of the
particle (Fig. 4b). It indicates a similar Zr and Sc atomic
concentration within the shell, that is an Al;Zr;sScy s
composition, whereas the core tends to have the Al;Sc
stoichiometry. From the estimation of the thickness of the
Al-matrix with EELS', the HAADF intensity can be
simulated on the basis of trial-and-error geometrical
modelling of the particle (Fig. 4c). This simulation is
based on the thermal diffuse scattering recorded from the
different regions of the object, that is, the matrix, the core
and the shell of the precipitate, assuming a homogeneous
atomic concentration in each of these. The results of
these calculations show that a structure composed of a
core and a shell with the respective compositions Al;Sc
and Al;ZrysScq s is compatible with the HAADF contrast
(Fig. 4d) observed experimentally, and is thus in
agreement with the EDX line-scan. The thickness of the
shell deduced from this fitting of the HAADF contrast is
2.5 nm. These findings confirm the core—shell structure
shown by HREM, and are in qualitative agreement with
the results from the 3DAP analysis. All of the
characterization techniques lead to similar values for the
composition and the thickness of the precipitate external
shell.

Despite their powerful ability to observe
precipitates, one drawback of 3DAP analysis and HREM
is that they are local observation techniques by nature:
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Figure 6 Precipitation kinetics deduced from SAXS. The evolution
with time of the precipitate radius R, of the thickness e of the external

shell and of its concentrations x*" and x3*" , and of the precipitate

density measured in situ for an aluminium solid solution containing
0.09 at.% Sc and 0.03 at.% Zr and aged at two different temperatures.

they fail to give a quantitative characterization of the
overall precipitation kinetics. In contrast, SAXS has the
ability to study the precipitation kinetics on a large
volume of matter (~10° mm’) and to obtain average
quantities, such as the precipitate mean size and the
precipitate volume fraction. SAXS spectra® realized on
alloy samples aged at 400 and 450°C show strong
oscillations of the scattered intensity |(g), with the
scattering vector ( related to the presence of precipitates.
The plot showing 1(q)q* versus q (Fig. 5) highlights
these oscillations as well as an unusual strong linear
slope. Such a signal cannot be interpreted as originating
from a distribution of chemically homogeneous
precipitates. This is shown in Fig. 5 by comparing the
experimental scattering spectrum with a simulated one,
taking the precipitate-size distribution from TEM image
analyses and assuming homogeneous precipitates: the



simulated signal is oscillating but does not show any
slope contrary to the experimental signal. This linear
behaviour actually arises from the contrast of the
precipitate electronic density associated with their
composition heterogeneity, as seen above with atomic
simulations and local characterization techniques. The
experimental scattering intensity can be adequately
reproduced by a simulation of the SAXS signal assuming
precipitates are composed of a pure Al;Sc core and a
concentric shell Al;Zr,Sc, of unknown composition X.
Fitting the simulated signal to the experimental one
precisely yields not only the mean radius, the standard
deviation of the size distribution and the volume fraction
of the precipitates, but also the composition and the
relative thickness of the external shell. In the alloy
samples aged for 128 h at 400°C (32h at 450°C),
precipitates have a mean radius equal to 16.5 nm
(14 nm); their external shell is 1-nm (2-nm) thick and
contains 17.5% Zr and 7.5% Sc (19% Zr and 6%Sc). The
thickness of the external shell deduced from SAXS is
slightly lower than that observed with 3DAP and HREM,
whereas the Zr concentration of the shell is slightly
higher. Nevertheless, the agreement is reasonable, and
thus shows the ability of SAXS measurements to
characterize the precipitate heterogeneity on a large scale.

SAXS in situ experiments have been carried out
(Fig. 6) to follow the time evolution of the precipitate
size, their density and composition. For the lower
temperature (T=400°C), it can be seen that the precipitate
size is increasing concurrently with that of the external
shell. This shell becomes richer in Zr than in Sc, and
tends to have the AlZr stoichiometry after 7 h. This
indicates that precipitates are mainly growing by
absorbing zirconium. At the higher temperature
(T=450°C), precipitates do not grow and the external
shell does not evolve further after 2 h: once the shell has
reached the Al;Zr composition, the precipitate size
becomes stable. The resistance to coarsening is further
shown by the evaluation of the precipitate density, which
remains constant with time. These two experiments show
that the precipitates formed in the Al-Zr—Sc alloys have a
remarkable stability, especially once the concentration of
the shell reaches a sufficient value corresponding roughly
to the Al;Zr stoichiometry.

Because of computational time limitations,
KMC  simulations are processed on  higher
supersaturations. Nevertheless, they lead to the same
qualitative results and allow us to understand the
precipitation kinetic path, especially the observed core—
shell structure. Different explanations for the Zr
segregation at the interface between the precipitates and
the solid solution can be put forward. It can be thought of
as an equilibrium segregation associated with an elastic
or a thermodynamic stabilization of the interface as well
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as a kinetic segregation due to the formation history of
the precipitates. Indeed, Harada and Dunand'® showed
that the substitution by Zr of the Sc atoms in the Al;Sc
compound leads to a decrease in the lattice parameter.
Therefore, it is expected that a Zr segregation at the
interface between the precipitates and the solid solution is
favoured by a decrease in the lattice mismatch, and thus a
decrease in the elastic stress which is required to
maintain coherency. Note that the atomic model
described above relies on a rigid lattice and does not
consider such an elastic contribution. The KMC
simulations lead to the Zr segregation, showing that part
of the heterogeneity of the precipitate composition has an
origin other than an elastic one. The second possibility is
a thermodynamic segregation due to a lowering of the
interface free energy because of chemical interactions
between the different atomic species. Marquis et al.>'*
showed that such a thermodynamic effect exists in Al-
Sc—Mg alloys: it explains the Mg segregation at the
interface between Al;Sc precipitates and the aluminium
solid solution. To check whether this is also the case in
Al-Zr-Sc alloys, we run some KMC simulations with
modified atomic parameters: we decrease the Sc attempt
frequency to slow down the Sc diffusion until the same
diffusion coefficients for Sc and Zr atoms are obtained. In
doing this, we only change the kinetic behaviour of the
solute atoms and do not modify the thermodynamics of
the ternary Al-Zr—Sc system. In particular, the interface
free energies are the same in both atomic models. The
precipitates obtained with these modified atomic
parameters are homogeneous and do not show any
segregation of the Zr atoms at the interface with the solid
solution. This clearly demonstrates that the core—shell
structure of the precipitates originates from the difference
between the diffusion coefficients of the solute atoms,
and that a lowering of the interface free energy cannot be
responsible for this observed inhomogeneous structure.
Such a lowering may exist, but it is too small to lead to
any visible effect on the precipitate structure. To quantify
it, we calculate the Zr segregation energy for the three
different directions [100], [110] and [111]. A simple
count of broken bonds leads to
B = B = B — %01 (ALZD) - 201, (ALSO) - .

where a is the aluminium lattice parameter and
0,0 (ALX) is the interface free energy for the [100]

direction between the Al;X precipitate and the aluminium
solid solution. As the two binary compounds Al;Zr and
Al;Sc have similar interface free energies’, and as the
order energy between Sc and Zr atoms is really low in
magnitude when they are second-nearest neighbours, the
Zr segregation energies for the different orientations of
the interface are small: at 500°C, the segregation energy



is smaller than 1.5 meV for the three directions of the
planar interface, leading to a factor smaller than 1.02
between the Zr concentrations at the interface and in the
core of the precipitate in the dilute limit. Therefore, our
atomic model does not predict any relevant equilibrium
segregation.

To understand the precipitate heterogeneity, it is
necessary to look more precisely at the solute kinetic
behaviour. Indeed, Sc atoms diffuse faster than Zr atoms:
the ratio of the diffusion coefficients Dg /Dy varies
from 1,800 to 190 between 400 and 550°C. Therefore,
during the first stages of the decomposition of the solid
solution, precipitates preferentially grow by absorbing Sc
atoms. When the Sc concentration in the solid solution
approaches its equilibrium value, precipitates can only
grow by absorbing Zr atoms. Because of the high energy
cost associated with the creation of anti-site defects in the
Al3ZrScix compound, there is no diffusion of the solute
atoms inside the precipitates (see the Supplementary
Information), which cannot rearrange themselves to reach
their equilibrium structure. This means that the core—
shell structure is a direct consequence of the formation
history: the Sc-rich core corresponds to the early stage of
growth and the Zr rich shell corresponds to the late stage
when the solid solution is depleted in Sc and precipitates
are growing by Zr absorption. Thus, in predicting kinetic
pathways in multicomponent alloys, atomic simulations
are essential. Indeed, other models of the precipitation
working at larger scale, such as cluster dynamics™ or
models based on classical descriptions of the nucleation,
growth and coarsening stages’®, assume that precipitates
have their equilibrium structure. Therefore, they cannot
predict any heterogeneity of the precipitate composition.
On the other hand, by taking full account of the vacancy
mechanism leading to the decomposition of a
supersaturated solid solution, KMC simulations do not
require such a strong assumption and naturally lead to the
structure of the precipitates, this structure being at
equilibrium or not.

The atomic model also allows us to understand
why the addition of Zr to an Al-Sc solid solution leads to
an increase in the precipitate density and a decrease in
their size as observed experimentally*® and reproduced
by our KMC simulations (see the Supplementary
Information). Indeed, such an addition increases the
nucleation driving force because of the configuration
entropy associated with the disordered minority
sublattice of the Al;ZrSci L1, structure. This entropic
contribution can be seen on the structure of the
precipitates  (Fig. 1): it explains the higher Zr
concentration in the precipitate’s inner core formed
during the nucleation stage compared with that in the
intermediate shells that appeared during the beginning of
the growth stage. Unlike the Zr enrichment of the
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external shells, which has a kinetic origin, this
enrichment of the core originates from thermodynamics.
This increase in the nucleation driving force results, of
course, in an increase in the precipitate density. Thus, the
nucleation stage consumes more Sc with this Zr addition
than without it, which means that at the end of the
nucleation stage there is less Sc available in the solid
solution, whereas the number of nuclei is higher. As
clusters mainly grow by Sc absorption, precipitates are
smaller at the time the solid solution becomes depleted of
Sc. Of course, with the Zr addition, precipitates can
continue to grow by absorbing Zr atoms, but, because of
the difference between the diffusion coefficients of the
solute atoms, this second phase of the growth stage is
slower than that corresponding to the absorption of Sc
atoms. In the ternary alloy, the coarsening stage is
controlled by the Zr diffusion: coarsening occurs by
evaporating small precipitates to condensate their solute
atoms on bigger precipitates, and the Zr-enriched external
shell has to be dissolved before a precipitate can be
evaporated. This explains the ternary alloy’s good
resistance to coarsening.

This study illustrates how atomic simulations
can be combined with different experimental techniques
to obtain a deeper understanding, and hence a better
control of the precipitation kinetics. Al-Zr—Sc alloy
seems to be one example where the precipitation path is
strongly dictated by the diffusion mechanism, and not
only by the thermodynamic driving forces.

METHODS

KMC

The thermodynamics of the Al-Zr—Sc alloy is described using an
Ising model. Thus, atoms are constrained to lie on a face-
centred-cubic lattice, and configurations are described by the

occupation number p} , with p! =1 if the site n is occupied by an

atom (or a vacancy) of type i or 0 if not. The energy of a given
configuration is
1 i 1 )
E=o2 & Ppa+s 28 pip) s
i i
where the first and second sums run on all first- and second-

nearest neighbour pairs of sites respectively, and &’ and &
are the effective energies of the respective pairs in the
configuration {i, j} . The alloy thermodynamics does not depend
on all of the effective energies but only on the order energies

o =& - (1/2)&P -(1/2)¢]" , where i and j are different species

(atoms or vacancy). This model is the simplest one that can be
used to model coherent precipitation of L1, compounds in Al-Zr—
Sc alloy (see the Supplementary Information).

Diffusion is described through vacancy jumps. The vacancy
exchange frequency with one of its twelve first-nearest
neighbours of type « is given by



r,.v=v, exp(— k:ll' J

where v, is an attempt frequency, and the activation energy EX*

is the energy change required to move the o atom from its initial
stable position to the saddle-point position. It is computed as the

difference between the contribution e of the jumping atom to

the saddle-point energy and the contribution of the vacancy and
of the jumping atom to the initial energy corresponding to the
stable position. This last term is obtained by considering all
bonds that are broken during the jump. The parameters of the
present model have been deduced from experimental data
completed by ab initio calculations when necessary (see the
Supplementary Information).

A time-residence algorithm is used to run KMC simulations.
The simulation boxes contain N; = 100° or 200° lattice sites, and
a vacancy occupies one of these sites. At each time step, the
vacancy can exchange with one of its twelve first-nearest
neighbours, the probability for each of these events being
proportional to T',,_,, . The time increment corresponding to the
current configuration is

1 1

At= E :
N.(ADC,(AD " T,

where C, (Al) is the real vacancy concentration in pure Al as

deduced from energy parameters, and N, (Al) is the number of

lattice sites that can be considered as pure Al (no solute atoms
as first- or second-nearest neighbours). The timescale of the
simulation is obtained by summing all time increments
corresponding to configurations where the vacancy is in pure Al.

3DAP

3DAP analyses are carried out on an energy-compensated
optical tomographic atom probe (ECOTAP)*?. The edge of a
particle is isolated by means of field ion microscopy before 3DAP

analyses, the analysis direction being close to a <114> direction,

and the observed volume is then reconstructed using a new
procedure described elsewhere?.

TEM

HREM, HAADF imaging, EDX and EELS analyses are carried
out on a JEOL 2010F instrument. Thin foils are prepared by the
conventional ion-beam thinning method, and for HAADF and
EDX, a subnanometric probe of 0.8 nm is used.

SAXS

SAXS measurements were all carried out at the D2AM beam line
of the European synchrotron radiation facility in Grenoble. A
monochromatic beam was used (1=1.61 A). Samples are about
80-um thick, and were prepared by mechanical grinding followed
by electropolishing. The scattered intensity was measured by a
charge-coupled device camera located approximately 1 m from
the sample, resulting in a measuring range of scattering vectors
6.8x10°- 0.2 A™. In situ experiments are carried out under the
X-ray beam with a resistance furnace at a heating rate of
10°C.min™.

Quantitative information on the precipitate distributions are
deduced from SAXS data using the following description of a
precipitate of radius R with an enriched external shell of
thickness e. The mean electronic density is taken as equal to
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Pere 1N the precipitate core (for radii r<R-e )and to p,, inthe

shell (for R—e<r<R). p,. is calculated assuming an Al3Sc

stoichiometry, whereas p,,, is calculated as a function of the

composition of the external shell. The intensity scattered in the
direction q by a precipitate is

1(g,R,e)= [F(q’ R—€, 0 = Paar) + F(Q, R’pshell)]z ,
where the scattered amplitude F takes its usual form for
homogeneous spherical precipitates:

F(q.R.p) = 2L Po) (sin(qR) - R cos(aR))

q
p,, being the electronic density of the matrix. We then suppose,

in agreement with TEM observations, that the particle size
distribution obeys a log-normal law f(R) , in which the mean

value is R . Another assumption of the model is that all
precipitates have external shells with the same thickness and the
same composition. The total scattered intensity is thus given by

I@=], fRI@.Re)R .
The fitting of this theoretical scattered intensity to the measured

experimental signal allows us to obtain the mean radius R and
the volume fraction of the precipitates as well as the composition
and the thickness e of their enriched shell.
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We describe in this appendix our motivations for the
choice of the atomic diffusion model, i.e. an Ising model
with pair interactions between first and second nearest
neighbours only. Some details are then given to the way
the interactions between Sc and Zr atoms are obtained
from first principle calculations and additional KMC
simulations are presented so as to complete the results
given in the manuscript. We claimed that the
heterogeneous structure of the precipitates highlighted by
these simulations arises from the absence of solute
diffusion inside the precipitates. We therefore used the
atomic model so as to demonstrate that such diffusion
cannot happen. Finally, we discuss our choice for the
interaction energy between Sc atoms and vacancies in
aluminium considering recent first principle calculations.

Atomic model

The atomic diffusion model used in the present work to
study precipitation in Al-Zr-Sc alloys relies on that
developed in Ref. 1 for binary Al-Zr and Al-Sc alloys. It
is based on a rigid lattice description with pair
interactions between first and second nearest neighbours.
This is the simplest model that can be used to simulate
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precipitation of a Al3ZrSc,x compound having the L1,
structure. Indeed, with interactions between first nearest
neighbours only, one cannot prevent the majority sub-
lattice of the equilibrium L1, compound to be occupied
by solute Sc and Zr atoms®. To do so, one needs to
consider interactions between at least first and second
nearest neighbours. On the other hand, there is no use for
Al-Zr-Sc alloys to consider interactions beyond second
nearest neighbours as these interactions are significantly
lower. This can be shown thanks to a cluster expansion of
ab-initio calculations. This was done in Ref. 3 for Al-Zr
alloy and in the appendix A of Ref. 4 for Al-Sc alloy.

Order energies of =& -(1/2)&] -(1/2)&}

]
corresponding to these expansions are displayed on
Fig. S1. One clearly sees that, beyond second nearest
neighbours, interactions are significantly lower.

We could have also considered interactions for
clusters other than pairs. This has been done in the
chapter 5 of Ref. 4 where interactions for the tetrahedron
and the triangle of first nearest neighbours have been
included in the Ising model in addition to pair
interactions for first and second nearest neighbours. It
was shown that, for ordering binary solid solutions like
Al-Zr and Al-Sc alloys, these many-body interactions do
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not modify the kinetics of precipitation. In particular, the
Onsager coefficients defining diffusion in the solid
solution are unchanged whether such interactions are
included or not, as well as the nucleation free energies
and the interface free energies between the precipitates
and the solid solution. In the purpose of building an
atomic model as simple as possible, we thus choose to
neglect these interactions in the present work and keep
only pair interactions between first and second nearest
neighbours.

As described in Ref. 1, the first nearest-
neighbour order energies between Al and Zr and between
Al and Sc atoms are directly deduced from the formation
free energies of Al;Zr and Al;Sc L1, compounds. These
formation free energies are given by ab-initio
calculations and they include a vibrational contribution.
The second nearest-neighbour order energies are chosen
so as to reproduce Zr and Sc solubility limits in
aluminium using their low-temperature expansion,

Xy = exp (—-6afy /KT ) +6exp(~10af)y /kT).

For Al-Zr interactions, as we want to model precipitation
of the metastable L1, structure of Al;Zr compound, we
use the metastable solubility limits that we previously
obtained from ab-initio calculations®. For Al-Sc, we use
the experimental solubility limit as the L1, structure of
Al;Sc is stable.

The obtained interactions slightly differ from the
ones given by the cluster expansions (Fig. S1).
Nevertheless, both sets of parameters lead to the same
thermodynamic behaviour for Al-Zr and for Al-Sc alloys.
An attraction is observed between Al and solute atoms
(Zr or Sc) when they are first nearest neighbours and a
repulsion when they are second nearest neighbours. Our
fitting procedure ensures that the predictions of the
atomic simulations will be as quantitative as possible as
the Zr and Sc solubility limits in aluminium
corresponding to the atomic model are the correct ones.
Moreover interface free energies between Al;Zr or Al;Sc
precipitates and the solid solution deduced from the
present atomic model'* have been shown to lead to
correct predictions of the precipitation kinetics. Indeed,
using only these interface free energies and the solute
diffusion coefficients as input parameters, -cluster
dynamics manages to reproduce experimental data like
the time evolution of the precipitate size distributions’
and of the electrical resistivity’ for different annealing
temperatures.

With these atomic parameters, the stable phase
of the Al3X compounds (X = Zr or Sc) is the L1,
structure. Indeed, the formation free energies of the
different possible structures of this compound are given
by
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AF(ALX, L1,)=3a), ,

1
AF(ALX, DO,,) =3\ +E )y,

1
AF(ALX, DO,,) =3 +Z .

As the second nearest neighbour interaction between Al
and solute atoms is repulsive (@) >0 for X = Zr or

Sc), the DOy, and DO,; structure have a higher energy
than the L1, structure. Experimentally, the stable
structure of Al;Sc precipitates is L1, and only this
structure has been observed. On the other hand, Al;Zr has
the stable DO,; structure, but for small supersaturations
of the solid solution, Al;Zr precipitates with the
metastable L1, structure and precipitates with the DO,;
structure only appears for prolonged heat treatment and
high enough supersaturations. Our atomic model appears
thus well-suited to study the first stages of the
precipitation kinetics where precipitates can only have
the L1, structure.

Al-Zr-Sc thermodynamics

The only parameters missing to our model to simulate
precipitation in Al-Zr-Sc alloys are the pair energies
between Zr and Sc atoms when they are first and second
nearest neighbours. As no quantitative experimental
information is available, we use an ab-initio approach to
deduce these interactions. We calculate with the full
potential linear muffin tin orbitals’ (FP-LMTO) in the
generalized gradient approximation® (GGA) the energies
of several ordered compounds and then use this database
to fit the two missing parameters of the atomic model.
Details of ab-initio calculations are similar to those given
in Ref. 3. A particular care has been taken to obtain the

2)

second nearest neighbour order energy a)ér_sc . Indeed, as

we will show below, we find a repulsive interaction
between Zr and Sc atoms when they are first nearest
neighbours. Low temperature expansions™® show that, in
this case, thermodynamics only depend on the second
nearest neighbour order energy ). . Consequently, as

soon as one manages to show that @), >0, only the

parameter @, needs to be calculated accurately.

Ten AlZr,Sc, ordered compounds are used to
obtain the &) pair interaction. Their ab-initio energies
are calculated for a volume equal to that of Al at
equilibrium without any relaxation. The corresponding
structures are displayed in Fig. S2. They have been

chosen so as to put aside the interaction &) , thus
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allowing to fit the Ising model with only 52250 as an

unknown parameter. This leads to the effective
interaction &), =—611meV corresponding to an order

energy o)), =238meV. The associated order energy

being largely positive, we thus obtain a strong repulsion
between Zr and Sc atoms when they are first nearest
neighbours. Taking into account this interaction allows to
reasonably reproduce the ab-initio formation energies
(Tab. S1). The standard deviation between ab-initio
calculations and predictions of the Ising model can
appear quite large (E = 30 meV/at.). Nevertheless, as
already pointed, we only need to show that the first
nearest neighbour interaction between Sc and Zr atoms is
repulsive as all thermodynamics will then only depend on
the second nearest neighbour interaction.

Another set of nine ordered compounds is used

to fit the &), pair interaction. All these structures have

the stoichiometry Al;Zr,Sc;y and have been built from
the L1, structure: only Al atoms are lying on the majority
sub-lattice whereas Zr and Sc atoms occupy the minority
sub-lattice (Fig. S3). The energies of these Al;Zr,Sc;y
compounds can be written as a weighted sum of the
energies of the L1, structures of Al;Zr and Al;Sc plus a
correction arising from the second nearest neighbour pair
interaction between Zr and Sc atoms. Therefore, in the
Ising model, the energies of these structures do not

depend on the parameter &, . . These energies have been

calculated ab-initio, relaxing the volume but keeping
fixed all other degrees of freedom (shape of the unit cell
and atomic positions). All ternary compounds are found
to have a slightly lower energy than the weighted
energies of Al;Zr and Al;Sc binary compounds (Tab. S2).
This stabilization of Al;Zr,Sc, ternary compounds has
been already shown by Xu and Freeman®’ who calculated
the formation energy of AlsZrSc L1,-C structure
(Fig. S3c). The energy they obtained (AE = -31meV/at.)
is lower than the one we calculated (AE = —4 meV/at.).
This should arise from the atomic sphere approximation
(ASA) they used in their LMTO calculations. So as to
obtain quantitative results, full potentials calculations like
FP-LMTO are required. The fit of the Ising model to this
energy  database leads to  the interaction

&) =-277meV and thus to the order energy

@), ==2.77 due to the choice &), =& =0. This

Zr-Zr Sc-Sc¢
small negative order energy indicates that a Zr-Sc pair of
second nearest neighbour is just slightly more stable than
Zr-Zr and Sc-Sc pairs. Nevertheless, considering a non-

zero @, parameter leads to a better agreement

between ab-initio calculations and predictions of the
Ising model (Tab. S2). No doubt that the agreement could
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be better if one included in the Ising models interactions
for other clusters than pairs and going beyond second
nearest neighbours. Nevertheless, the corresponding
effective energies are even smaller than &, and does

not lead to any significant change of Al-Zr-Sc
thermodynamics: the standard deviation between
predictions of the Ising model and ab-initio calculations
(6E =2 meV/at.) is already very small. We then prefer to
keep the atomic model as simple as we can as long as it
has the ability to reproduce experimental observations
and to rationalize them. The different parameters of the
atomic model are summarized in tables S3 and S4.

Atomic simulations

As shown in the manuscript, kinetic Monte
Carlo simulations lead to the formation of
inhomogeneous Al;ZrSci precipitates: their periphery
has a higher Zr concentration, thus forming a Zr-enriched
shell. This inhomogeneity has been observed for all
annealing temperatures and all supersaturations that have
been studied. In Fig. 1 in the manuscript, we give the
example of a precipitate observed in a solid solution
containing 0.1 at.% Zr and 0.5 at.% Sc annealed at
550°C. Some more examples are given in Fig. S4 for a
solid solution containing 0.5 at.% Zr and 0.5 at.% Sc
annealed at 450°C and 550°C. This thus illustrates more
thoroughly the precipitate inhomogeneous structure
arising from the difference between the solute diffusion
coefficients and from the fact that precipitates cannot
rearrange themselves to reach their equilibrium structure.

In agreement with TEM observations'®"?,
kinetic Monte Carlo simulations show that a Zr addition
to an Al-Sc alloy leads to a higher density of precipitates,
these precipitates being smaller (Fig. S5). Indeed, such an
addition increases the nucleation driving force and thus
the number of precipitates. As these ones mainly grow by
absorbing Sc, one obtains smaller precipitates because
the number of growing clusters is higher and there is less
Sc available for growth at the end of the nucleation stage.
The precipitates growth by Zr absorption is really slow
but plays an important role too as it leads to the
formation of an external Zr enriched shell which is
responsible for the good resistance against coarsening.
This increase of the nucleation driving force with a Zr
addition is responsible for the higher Zr concentration in
the inner core of the precipitates (Fig. 1 of the manuscript
and Fig. S4a). This inner core forms during the
nucleation stage and, as there is no diffusion inside the
precipitates, it keeps its composition during the whole
kinetics.
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Diffusion inside the precipitates

The heterogeneous structure of the precipitates
arises from the absence of Zr and Sc diffusion inside the
precipitates. As a consequence, the latter cannot reach
their equilibrium structure. In order to support this
statement, we deduced from our atomic model
estimations of the activation energies involved in Zr and
Sc intra-diffusion. At low enough temperatures where
L1, precipitates remain ordered, the minority elements
diffuse via highly correlated vacancy sequences, the so-
called six-jump vacancy cycles'">. Two different cases
have to be considered, depending on which of the two
sub-lattices the vacancy is located: vacancy V, on the

majority or V, on the minority sub-lattice of the L1,

structure. Moreover, for each configuration, the vacancy
can realize two different cycles, a direct one or a bent one
(Fig. S6). Using the atomic diffusion model depicted in
the manuscript, we calculate the activation barriers of the
jumps occurring in these different cycles for the case of a
diffusing impurity Y substituting an X atom of an Al;X
L1, compound (Tab. S5, S6, S7 and S8). This can be then
used to study the diffusion of Sc impurity in AlZr
(Fig. S7) and of Zr impurity in Al;Sc (Fig. S8). In both
cases and for both kinds of vacancies (V,or V), the

migration barrier associated with the direct cycle is lower
than the one corresponding to the bent cycle. This
migration barrier corresponds to the energy difference
between the higher saddle point position and the lower
stable position, i.e. between the saddle point position
corresponding to the jumps from the configuration 2 to 3
and the stable position corresponding to the configuration
0. This migration energy is thus given by
Er¢(ALX)=E —E™ +E™ —EM™ +EM™

01 1-0 152 21 23

where the migration energies E™ | and E™  have to

n—n+l n—n-1

be replaced by their values given in Tab. S5 for a V,
vacancy and in Tab. S7 for a V, vacancy.
So as to obtain the activation energy of the

diffusion, we need to calculate the energy of formation of
a vacancy in the AI;X L1, compound. This is given by

E\f/o: = Sg(All)V + 45()2\)/ - 2g(All)Al - 4£(A11)X + 651/le)v - 3‘9(A21)A1 >
fora V, vacancy and by

E\f/oﬂr = 125(,\11)\/ _3g(A11)A1 _68(A11)X + 38()27)( + 68()?2/ _3‘9()2( >
fora V, vacancy.

Another contribution arises from the interaction
energy between the Y impurity and the vacancy lying in
the configuration 0 of the cycle. For a V_ vacancy, this

interaction energy is given by
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inter _ (1) 1 1) )]
E;:lve: - g(AlX + g(YV - g(AIY - g(xv s

and for a V, vacancy by
inter __ (2) 2) 2) 2)
EYV/, - éxx + g(YV - g(XY - g(xv :
The activation energy associated to diffusion can
now be calculated from the sum

EX =EJ¢ +E +Ep.
For the diffusion of Sc inside Al;Zr, the obtained
activation energies are 6.34 eV in the case of a V,
vacancy and 5.62 eV in the case of a V, vacancy. These

energies are considerably higher than the one
corresponding to the diffusion of Sc in aluminium

(EX' =1.79 V), thus showing that Sc cannot diffuse in

Al;Zr precipitates. In the same way, high activation
energies forbid any diffusion of Zr inside Al;Sc

precipitates: we obtain Ej' =5.51eV for a V, vacancy
and 5.26 ¢V for a V, vacancy whereas the activation

energy of Zr diffusion in aluminium is only 2.51 eV.

Sc — Vacancy Interaction

So as to compute the Sc — vacancy interaction &), we

used the experimental binding energy EJ% in aluminium

deduced from electrical resistivity measurements'®. These
experiments show that there is a strong attraction
between scandium atoms and vacancies and lead to

EP™ =0.35eV. On the other hand, ab-initio calculations

ScV
found repulsion when Sc atoms and vacancies are first
nearest neighbours. Using the Kohn-Korringa-Rostoker
Green’s function method, Hoshino et al.'” obtained

Edv [0 —0.10 eV and using LMTO calculations with the

atomic sphere approximation, Sterne et al.'® got

Edv 0-0.11eV. The clear contradiction between

experiments and ab-initio calculations may suggest at a
first glance that approximations used in these calculations
were too crude: both calculations assumed spherical
potentials and neglected relaxations. Nevertheless, recent
ab-initio  calculations'®  performed  without such
approximations confirmed the repulsion between Sc
atoms and vacancies in aluminium: Sandberg and
Holmestad obtained EZ% [1 —0.24 eV within local density

approximation and Egy [ —0.28 eV within generalized

gradient approximation. Some of the discrepancy may
arise from the fact that ab-initio calculations were
performed at 0K whereas the experimental binding
energy was measured between ~ 500 and 700 K, but one
does not expect such a big difference from a temperature
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dependence. This suggests that the binding energy
deduced from experiments might be wrong and reveals
the necessity of performing new experiments so as to
confirm or invalidate the previous ones.

One can wonder what would have happened in
our atomic simulations if we had used the ab-initio

binding energy EJ% instead of the experimental one. In

C

this purpose, we build another atomic diffusion model
using the value EJ% [1 —0.28 calculated by Sandberg and

Holmestad. The only parameter that needs to be changed
in the atomic model is the interaction between a Sc atom
and a vacancy when they are first nearest neighbours

which, now, takes the value &, =-0.141¢eV. All other
parameters remain unchanged. In particular, we do not
modify the contribution e of Sc atoms to the saddle

point energy which is fitted to the activation energy of Sc
impurity diffusion in aluminium thanks to the equation
ES(AD) = €5l =5y — 1263, — 625 -

This means that the activation energy for diffusion is
unchanged but split differently between the interaction
energy of Sc atoms with vacancies and the Sc migration
energy. Using the six-jump vacancy cycle model
described above, we can show that this new atomic
model leads to the same conclusion as the one we use in
our study: precipitates cannot rearrange themselves to
reach their equilibrium structures. Indeed, the values
obtained for the activation energies of the diffusion of Sc
in Al;Zr (6.34 ¢V fora V, vacancy and 5.62 eV for V)

and of Zr in AlsSc (5.51eV for a V, vacancy and
526¢eV for V,) are still considerably larger than

activation energies corresponding to solute diffusion in
aluminium. We confirm this prediction by running
kinetic Monte Carlo simulations with this new set of
parameters. They lead to precipitates showing the same
heterogeneous structure as the one displayed in Fig. 1 in
the manuscript or in Fig. S4. It thus demonstrates that
this structure does not depend on the interaction between
Sc atoms and vacancies but solely on the difference
between diffusion coefficients of both solute atoms and
on the absence of solute diffusion inside precipitates. Our
simulations cannot then be used to discriminate between
both values proposed for the binding energy between Sc
atoms and vacancies, the ab-initio and the experimental
one.
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Figure S1 Order energies. The dependence with the neighbour index n of the order energies o™ = & —(1/2)&” - (1/2)&] in the binary alloys Al-

Zr (a) and Al-Sc (b) used in the present atomic model is compared with the one obtained from a cluster expansion of ab-initio calculations. For Al-Zr
alloy, the cluster expansion is given in Ref. 3 whereas for Al-Sc alloy, it is given in the appendix A of Ref. 4.

nature materials | supplementary information S6



g) AlZrSc cF32-b-

Figure S2 AlxZrySc; compounds. Ternary ordered compounds used to fit the first nearest neighbour order interaction
. = s = (1/2)eh), — (1 2)ei .
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N
d) Al12ZrsSc L12-or e) AlizZrsSc L12-8

Figure S3 AlsZrxScix compounds. Terary ordered compounds used to fit the second nearest neighbour order interaction
ol = e — (U 2)ef, — (1/2) ey, -
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® Zr

® Sc

b) 0.59 s at 550°C.

Figure S4 AlsZr«Scix precipitates obtained by atomic simulations. A precipitate has been isolated in the computational box after the simulated

Concentration
0.254
_--'_'-_F'_--. o .______."'-h__
0.20 L —
0154
0404 —8—5c
—m—Fr
005+ |
L]
4 H—"‘-—\_\_\_\_\_\_\_\_‘- .f 1
(| n ———
.00 T T T
0.0 0.5 10 15
Distance from center (nm)
Concentration
0,25 4
—— — _'x
0.204 \‘\.\\ |
0.15 - l/
) *
kY
0.104 ‘ &—Sc
—m—Zr '/. \
L ]
0,054
I ./
Q.00 T T

0 1

2
Distance from center (nm)

annealing at 450°C during 5920 s (a) and at 550°C during 0.59 s (b) of an aluminium solid solution containing 0.5 at.% Zr and 0.5 at.% Sc. The radial
concentration profile shows the Zr enrichment of the periphery compared to the core.
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Figure S5 Kinetics of precipitation. Variation with the Zr concentration of the number Ny or precipitates (normalized by the number Ns of lattice sites)
and of their mean size < nx >p in KMC simulations of the annealing at 450°C of solid solutions containing 0.5 at.% Sc. The critical size used to

discriminate precipitates from sub-critical clusters is n; = 6 atoms.
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20

Figure S6 Six-jump cycles in the L12 structure. Diffusion of a Y impurity in the L12 structure of the AlsX compound starting from a vacancy on the
majority (a,b) or minority (c,d) sub-lattice. (a) and (c) corresponds to a straight cycle and (b) and (d) to a bent cycle. The numbers indicate the vacancy
position after the corresponding vacancy jump.
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Figure S7 Diffusion of Sc in the L1z structure of AlsZr via six-jump cycles. The configuration and activation energies corresponding to the local
minima and maxima of the energy landscape are deduced from the atomic diffusion model. The plots (a) and (b) respectively correspond to cycles
starting with a vacancy on the majority or minority sub-lattice.
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Figure S8 Diffusion of Zr in the L12 structure of AlsSc via six-jump cycles. The configuration and activation energies corresponding to the local
minima and maxima of the energy landscape are deduced from the atomic diffusion model. The plots (a) and (b) respectively correspond to cycles
starting with a vacancy on the majority or minority sub-lattice.
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AE™™ (meV/at.)

Ab-initio Ising
AlgZr cF32 -238 -193
AlyZrSc -184 2211
AlsZr,Sc cF32 -141 -152
AlsZrSc, cF32 -136 -121
Al4Zr3Sc CF32-0{ 5 -23
Al4Zr3Sc CFSZ-ﬁ 15 -23
AlZrSc cF32-a 12 62
AlyZr,Sc, cF32-b 39 62
AlyZrSc; cF32-a 23 29
A14ZI'SC3 CFSZ-ﬁ 56 29

Table S1 Formation energies of AlxZr,Sc; ordered compounds used to fit the first nearest neighbour interaction @k, = &b, —(1/2)&)),

The reference states used to define the formation energies are the fcc structures of Al, Zr and Sc at their equilibrium volume: AEf"““(AIXZryScZ) =
E(AlZr,Sc,) - x E(Al) -y E(Zr) - 2 E(Sc). All ab-initio energies of the compounds are calculated at the equilibrium volume of Al (V(=16.53 A3). The
standard deviation between ab-initio calculations and the Ising model is o = 30 meV/at.

—(1/2)

V, (Aat.) AE (meV/at.)

Ab-initio Ab-initio Ising
Al Zr L1, 16.89 0. 0.
AlpZrsSc Ll,-a 17.01 -1.90 -4.15
AlZr;Sc L1,-8 17.01 -4.35 -4.15
AlZr;Sc Ll,-¢ 17.01 -2.45 -2.76
AlgZrSc L1,-a 17.09 -5.44 -8.30
Al¢ZrSc L1,-b 17.11 -8.16 -5.58
Al¢ZrSc L1,-c 17.10 -4.22 -2.72
AlZrScs Ll,-a 17.19 -3.26 -4.15
AlZrScs L1,-8 17.18 -6.67 -4.15
AlZrScs Ll,-¢ 17.19 -5.17 -2.76
Al;Sc L1, 17.28 0. 0.

Table S2 Energies of AlaZrxSc1.x ordered compounds used to fit the second nearest neighbour interaction @), = £k, —(1/2)
reference states used to define the energies are the AlsZr and AlsSc compounds in their L12 structure: AE(AlsZr,Sc1-) = E(AlsZrSc1-) — X E(AlsZr)
- (1-x) E(AlsSc). All ab-initio energies are calculated at the equilibrium volume V,, of the given structure. The standard deviation between ab-initio

calculations and the Ising model is JE = 2 meV/at.
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0, =—560 2, =0

Ealal
g\l =-979+0.244T e =101-0.0233T
el =-759+0.21T e =113-0.0334T
) =—1045 Epg =0
Egese =650 &5 =0
el =-611 e =-0.00277
Ean =—222 av =0
e, =-350 e =0
gl) =757 g =0
el =0 gy =0

Table S3 First and second nearest neighbour pair interactions. Energies are in meV and temperature T in K.

e =-8.219ev Vv, =1.36x10" Hz

e =—11.464 eV v, =9x10"Hz
e =-9.434 v v, =4x10" Hz

Table S4 Kinetic parameters: contribution of the jumping atom to the saddle point energy e and attempt frequency v, for « = Al, Zr, and Sc atoms.
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Forward jumps
mig __ Asp 1) 1) 1) Q)] 2) (2)
Eo =€y —lleyy =86,y —3&xy —6&yy —6¢

—&yv AlV
mig __ ASp 1) QY] 1) Q) (2) (2) (2)
ED =€n —8&am —36ax —Llegy —&yy —5x0 — Eay — 06Xy
mig __ ASp 1) (1) (1) ) 2) (2) (2) (2)
B, =ex —10&,x —&xy —9¢ay —36xv —Eax —5&xx —S€ay — Eyy

mig __ ~sp 1) Q) Q)] Q)] Q] 2) 2) 2) 2)
E;5 =67 —9¢uy — 265y — 106,y — &xy — Eyy —S5€ay — Exy — Eav — Sxv

mig __ ASp @ ©) @ M M (2) (2) (2) (2)
E4—>5 =€ _logAlAl —Eax T 98A1V - ngv —&yv SgA]X —Eary T SgAIV —&xv

EMe —ef —8e) — 260 —6l) —11e%, — &) — 662, — 562 — £

—Exy AV T Exv AIX xv —€yv
Backward jumps
EM5 =ef —8ely —3exy —1lely — ey — 6y — 6y
El = el —10ey — sy — 92k — 36y —66ix —Sely — vy
E™, =6¥ —9ekx — 263 — 1084y —&xy — vy —S64x — Exy — Eav — Séxv
EY =¥ —10eyy — &y —9ehy — 26 — &y —Eay — 58w —SEy — Ex
ES™S, =X —8eiin —264x — Sy — ey — &xv —58lan — Eix — 58k — Eyy
Esys =ex —1lep) —8eay — 385 — &y — 56y — &y — 64y

Table S5 Direct cycle starting from a vacancy on the majority sub-lattice. Activation energies of the forward and backward jumps corresponding to
the diffusion of a Y impurity in the L12 structure of the AlsX compound.

Forward jumps
mig __ Sp © ) @ ©) (2) (2)
E0—>1 =€y -1 1‘S‘Aw _88A1V _3‘9XV —&yv 6‘9XY - 6gAlV

mig __ Asp Q) Q] M Q)] Q)] 2) (2)
ESS =€8 — 7 —36ax — Eary — ey —&yy — 685, — 08y

mig __ Asp 1) Q) Q) 1) 1) (2) (2) (2)
B, =X —10&,x —&xy —8&ay —3&xy — Eyy — Eaix — 6xx —0Eawy

E, =6 —8sly —3eyy — 104y —éxy — & — 66y — &y — Séxy

Es =ex — 1060y — ek —8ehy 36k —&w —Seax — & — 6k
ES = €% —8eux — 265 — & ~ ey — & —68hx — 560 — 8w
Backward jumps

E"G =6y —8ey —3eky —1lely — &y —6eyy —6eyy

EXS = el —10ey), — ek —8siy —3exy —éyy — 6 — 0Ly

E%Y, =6F —8ep — 2650 — & — 1064y — &3 — &yv — 66y — € — 5
E =6y —104y — &y —8ey —38x —évy — &y — 584y —6eay

E;igz; =€y — 75/(;1)/&1 - 35/(;1; - ‘9/(:1)\( -1 15/(;1)\/ - 5>(<1\)/ - 6‘91(31/11 - 5""}((2\3 - ‘9\((2\3

Eqs =Y —1leg —8ea — 36 —&w — 56 — &y — 66y

Table S6 Bent cycle starting from a vacancy on the majority sub-lattice. Activation energies of the forward and backward jumps corresponding to
the diffusion of a Y impurity in the L12 structure of the AlsX compound.
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Forward jumps
mig __ ASp 1) 1) 1) 1) (2) (2) (2)
Eos = €4 —8&an — 2Eaix — Eary — 1265y —0&40 — Séxy

AV AIAIL —Eyy
mig __ ~sp 1) 1) 1) Q) (2) (2) (2)
EDS =6y —1lleyy =960y —26xy —&yy —Eay —S6xy — 684y

mig __ ~Sp 1) 1) Q) (1) (2) (2) 2) 2)
B, = €0 — 96 —28ax —11eay — Eyy — 5600 — Eary — Eav — Sxv

E, =l —10ey), — ey — 1085y — 265 —&n — 5k — Sk — Evv
s =67 —9eiy — 26y —Llegy — &\ — 653 —&xny —Séxy

Ef" = el — ek — 98y —26x — & —56ax —Eay — 6aw
Backward jumps

Elri% = Esm—ifs

E;igl = E;tnfs

E3m—i;gz = Ezm—ii

E:i% = E;E

Esm—i;gzt = Elm—i>g2

Eén—ifs = E<l)n—if1

Table S7 Direct cycle starting from a vacancy on the minority sub-lattice. Activation energies of the forward and backward jumps corresponding to
the diffusion of a Y impurity in the L1 structure of the AlsX compound.

Forward jumps

B =€ —8ein — 26 — Exy — 1264y — 6630 — 56y — &y

ES =6y —llely —9¢iy — 263 —&w — ey — 6y —6&y

B = el —8en — 26ax — ey — 1ewy — vy — 0800, — Eay — 56y
E3nig4 =€y _logz(xll)Al _g/(xll)y _9‘9/(;1)\/ - 25)?\)/ - 53((1\)/ - 5,(:1111 - 555313( - 651(31\)/
B =ef —9eyy —2eyy ey — ey —6egy — & — 56y

ES™ =ex — ey —9uy — 265y — Evv — 5éx —Eay — 0cay
Backward jumps

Eﬂ% = E?Es

E;nfl = E:igs

E;nigz = Esmf4

Ezrtn—ifs = nga

Esnigzt = Elm»igz

Eén—i;gs = E(;n—i;gl

Table S8 Bent cycle starting from a vacancy on the minority sub-lattice. Activation energies of the forward and backward jumps corresponding to
the diffusion of a Y impurity in the L1z structure of the AlsX compound.
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